
 

 I 

國立臺灣大學工學院材料工程學系 

博士論文 

Department of Materials Science and Engineering 

College of Engineering  

National Taiwan University 

Doctoral Dissertation 

 

黃銅退火雙晶與高碳麻田散鐵相變雙晶之奈米顯微組

織研究 

Studies on nanostructure for annealing twin in α-brass 

and transformation twin in high-carbonic martensite  

 

 

李欣怡  

Hsin-Yi Lee 

 

指導教授：楊哲人 博士 

Advisor: Jer-Ren Yang, Ph.D. 

 

  中華民國 99 年 7 月 

July, 2010 



 

 II 

致謝 

 

    今年的夏天特別不同! 我知道我即將完成人生中一個重要的階段。在這感恩

的一刻，心中的思緒波濤洶湧，一時間竟不知如何下筆。 

    首先我要誠摯的感謝指導教授 楊哲人教授，老師耐心的指導與教誨使學生

獲益良多。您淵博的學識與作學問嚴謹的態度更帶領我進入不同的世界，是我學

習的典範。在此，學生謹致上最深摯的謝意，謝謝您多年來的照顧。 

    還要感謝林新智教授。感謝您在我大學時代的指導與照顧，開啟我對材料科

學的興趣。以及口試時所提出的建議，使我的論文品質得以改善。 

    感謝侯春看教授費心為我主持口試和提供建議。感謝林東毅和王星豪教授對

論文的建議與指正，使得論文的內容能更趨於完善。感謝學長黃慶淵博士所提供

的建議和指導，您親切的關懷減輕了我口試當天的緊張與焦慮。 

    在台大的日子裡幸而認識許多前輩和朋友。謝謝學長陳學人先生，感謝您在

TEM 操作上的指導，還有平時的照顧和鼓勵，使我得以順利畢業，在此由衷的

感謝您。還要感謝學長蔡明欽博士，您熱心的指導與幫助以及提供寶貴的資料與

意見使我獲益良多。感謝學長蔡鴻麟和王廷玉博士，謝謝你們在我剛進入實驗室

時的照顧和幫助。再來要謝謝孝慈，感謝妳在學業及日常生活上的幫助和鼓勵。

在台大的日子裡幸有妳的相伴與扶持，讓我一路走來並不孤單。還要謝謝鴻威，

感謝你在實驗和研究上的幫忙和提供獨特的想法，帶給我莫大的幫助。以及感謝

實驗室裡的學弟妹，謝謝你們在日常生活上的幫助。也因為有你們，為我的研究

所生活增添了許多歡樂的色彩。 

    最後，要感謝我的家人，你們的支持和鼓勵永遠都是我最強而有力的後盾。

謹以此論文獻給我的家人和所有關心我的人。 

 

 

 

                                                       2010/7  李欣怡 



 

 III 

摘要 

    退火雙晶經常發生在 f.c.c 金屬或合金中，它是由於在再結晶成長的過程中，

偶發的堆疊錯誤所造成的。因此，退火雙晶對材料機械性質的影響甚是重要。我

們需要更加地了解退火雙晶的晶界與一般晶粒的晶界對強度的貢獻是否有差

異。本實驗的硬度量測顯示雙晶晶界的平均硬度值比一般晶粒晶界的平均硬度值

僅稍微低了 5Hv。而且從 TEM 的圖片也可以看出雙晶晶界除了有橫滑移的現象

產生外，也可以阻擋差排的滑移，並在晶界上產生階梯狀的凸起。此階梯狀的凸

起可視為差排在雙晶晶界上分解的證據。由於差排在雙晶晶界上分解是能量不利

的，且分解後的差排可留在晶界上合併釋放，因此致使雙晶晶界的存在可維持一

定的強度和極優異的韌性。所以，雙晶的密度也是影響機械性質的另一個重要因

素。我們做一連串不同溫度的熱處理去量測雙晶的密度。發現雙晶的密度跟晶粒

的大小成正比。這個結果符合 Pande 所提出的經驗式：N=Kt ln(D/ D0)。本實驗

以 C2600 黃銅(α-brass)為材料量測到 Kt 值接近 0.3。  

    相變雙晶通常是為了維持麻田散鐵相變時所需的非均質晶格不變應變而形

成的。板片狀麻田散鐵最特殊的特徵就是在中心由非常高密度的相變雙晶所組成

的中脊面區域。中脊面從以前就被視為是相變最先產生的區域，但相關文獻卻不

太普及。因此，本實驗利用 DSC 實驗及 TEM 觀察 thin plate 和 lenticular 麻田散

鐵內部中脊面的細部特徵以及它最初的形貌。由 DSC 實驗和試片在液態氮中經

由不同時間的深冷處理觀察到 thin plate 麻田散鐵比 lenticular 麻田散鐵先形成。

因此，我們可以推斷 thin plate 麻田散鐵可以轉變為 lenticular 麻田散鐵。TEM 照

片顯示 thin plate 麻田散鐵內佈滿了跨越整個板片的雙晶，而 lenticular 麻田散鐵

則是由中脊區、雙晶擴展區和非雙晶區所組成。所以，前者是藉由雙晶來達到晶

格不變應變，而後者是同時藉由雙晶和滑移兩種形式來達到麻田散鐵相變所需維

持的晶格不變應變。此外，在回火實驗中觀察到由許多密集雙晶所構成的中脊區

域提供了碳化物最有利的析出位置。且由回火後麻田散鐵內的基地在中脊區域有
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一小角度的旋轉，可推測中脊區為一高應力集中區，回火後會在此產生應力釋放

使得中脊區的兩旁晶格有一個小角度的旋轉。高碳高鉻的不鏽鋼合金在 600˚C

回火 0.5 ~ 2 小時先產生 M3C 碳化物而後再形成 M23C6 碳化物。實驗發現前者和

麻田散鐵基地維持 Bagaryatsky 方位關係，後者則接近 Kurdjumov-Sashs 方位關

係。 

 

關鍵詞關鍵詞關鍵詞關鍵詞: 雙晶、黃銅、不鏽鋼、麻田散鐵相變態、麻田散鐵中脊區、合金碳化物、                

TEM 
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Abstract 

Annealing twins usually form as a consequence of growth accidents or are 

presumed to form on stacking faults during the recrystallization of fcc metals and 

alloys. Therefore, the effects of annealing twins on mechanical properties are very 

important. It is desirable to determine the difference in strength contributions between 

general grain and twin boundaries. The results of hardness measurements have shown 

that the hardness of the twin boundary is a little lower (about 5Hv) than that of the 

general grain boundary. TEM micrographs indicated that slip lines can penetrate twin 

boundaries by cross-slip, or if obstructed, form ledges at the twin boundaries. The 

observations of the ledges at twin boundaries provided evidence for the dislocation 

dissociations. The energetically unfavorable dissociated reactions and the coalescent 

partial dislocations released at the twin boundary contribute to the maintained strength 

and excellent ductility of the twin boundaries. Additionally, a series of annealing 

treatments at different temperatures were carried out to measure twin density. The 

results show that annealing twin density depends on grain size. Pande's experiential 

equation for calculating the annealing twin density (N=Kt ln(D/ D0)) agrees well with 

our experimental results. The material depending value (Kt value) in Pande's 

experiential equation for C2600 brass was measured at about 0.3. 

Transformation twins usually form in the high carbonic martensite 

transformation to maintain the inhomogeneous lattice - invariant. A typical 

characteristic of lenticular martensites is the appearance of an obvious high density 

twinned region (i.e., a midrib region). The midrib is considered to be the region where 

martensite transformation starts. In this work, it has been found that thin-plate and 

lenticular martensites co-existed in the specimens of Fe-1C-17Cr stainless steel. The 

substructures of thin plate martensites and lenticular martensites were examined using 
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TEM, focusing on the details of the midrib region. The results of the DSC experiment 

and the course of the isothermal holding in the liquid nitrogen (-196˚C) indicated that 

the thin plate martensite formed first and lenticular martensite later. These results 

provide evidence to suggest that thin plate martensite can be transformed into 

lenticular martensite. Transmission electron microscopy revealed that thin plate 

martensite is composed of a set of internal transformation {112} twins crossing 

through the interior plate, while the lenticular martensite contained three subzones: 

the midrib region, extended twinned region, and untwinned region. The results 

obtained from TEM observations suggest that the transformations of thin plate 

martensite and lenticular martensite are initiated at the same midrib region. During the 

growth, the former keeps the lattice-invariant deformation mode of twinning, whereas 

the latter combines both twinning and slip modes. 

Additionally, the result of tempering experiments indicated that the midrib region 

of the martensite contained a large amount of twinned boundaries, which is the 

preferential position for carbide precipitations. TEM observation showed that 

tempering treatment resulted in the release of stress at the midrib region, i.e., the 

stress-concentrated region, and caused the martensite crystal to rotate slightly. TEM 

results indicated that M3C type carbide was dominant after tempering at 600˚C for 0.5 

hours, but M23C6 type carbides was frequent after tempering for 1 and 2 hours. 

Analysis of diffraction patterns revealed that in this Fe-1C-17Cr alloy, Bagaryatsky 

OR was found between ferrite and M3C carbide, and Kurdjumov-Sashs OR was found 

between ferrite and M23C6 carbide.  

 

Keywords: Twinning; Brass; Stainless steel; Martensite phase transformation; 

Martensite midrib; Alloy carbides; TEM. 
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Chapter One 

General Introduction 

 

In materials, the term twin represents two crystals possessing a mirror symmetry 

relationship with the boundary. It is well known that twins are primary classified into 

three types - annealing twins, transformation twins, and deformation twins. Annealing 

twins, which usually form as a result of annealing treatment, result from growth 

accidents or stacking faults during recrystallization. The formation of transformation 

twins occurs to maintain the inhomogeneous lattice-invariant in the martensite 

transformation. The deformation twins exist to accommodate the stress applied by a 

load. Compared with traditional high-angle grain boundaries, twin boundaries usually 

exhibit much lower energy and higher thermal stability. Additionally, previous studies 

have also indicated that twin boundaries seem to possess rather superior fracture 

resistance and extremely low electrical resistivity to other grain boundaries. Recently, 

Suresh et al. suggest that a high density of nanoscale twins in the large grain will be 

an optimal choice for microstructure design. Systematic tensile tests and qualitative 

analysis showed that the nano-scale twins would contribute significantly to both 

strength and ductility. Therefore, investigations of twin boundaries on the mechanical 

properties have been gaining attention. Although studies on these three types of twins 

have been presented in the literature, we focus here on subjects that have been 

discussed rarely.  

The mechanism for the formation of annealing twins has been studied for many 

decades. The determination of the effects of annealing twins on mechanical properties 

is quite important. However, the influence of twin boundaries on plastic deformation 

and how this influence affects grain size measurement has not been made clear by 
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previous studies. Some literature has revealed that twin boundaries have only limited 

significance to strength. On the contrary, other studies have shown that twin 

boundaries strengthen materials in the same way that other grain boundaries do. 

Additionally, several studies have indicated that general grains in the nano-scale size 

(10~15nm) result in the activation of lattice dislocation becoming more difficult, and 

that as a result, plastic deformation is limited and the material becomes more brittle. 

However, recent studies have shown that nano-scale twins significantly improve 

ductility. This indicates a difference between twin and general boundaries in the 

behavior of plastic deformation. Detailed investigation of the determination of 

differences in mechanical properties in general and twin boundaries will be discussed 

in Chapter 3. 

Transformation twins are usually found in high chemical composition martensite. 

Research on transformation twins has been presented extensively in previous papers. 

However, observations and research on the high density twinned region (i.e., the 

midrib region) are uncommon. The midrib was first revealed in etched specimens of 

ferrous martensites; it appears as a very straight thin region dividing the plate in half. 

The findings show that the midrib region represents a high-energy region where 

transformation is initiated, and that growth of the plate occurs sideways from this 

region. Although there are several references in the literature to the martensite midrib, 

the details of the substructures and formation of the midrib remain unclear. The 

subject of investigation described in Chapter 4 is the microstructural characteristics of 

the midrib in thin plate and lenticular martensites. Chapter 5 describes tempering 

treatments on the thin plate and lenticular martensites to examine the role that twin 

boundaries play in the behavior of carbide precipitation. 
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Chapter Two 

Literature Survey 

 

2-1. Introduction of the Annealing Twins 

2-1-1. The mechanism of formation of annealing twins in f.c.c. metals 

The mechanism for the formation of the annealing twins has been studied for 

many decades [1-18], with most of the research considering two distinct concepts: (i) 

growth accidents [1,8,10,13-16], and (ii) nucleation of twins by stacking faults or fault 

packets [11,17,18]. 

The “growth accident” theory was first proposed by Carpenter et al. [1] and was 

emphasized again by Burke [5]. Moreover, in 1969, Gleiter developed a 

comprehensive model for the formation of annealing twins based on the concept of 

growth accidents [13], as illustrated in Fig. 2-1. He proposed that grain growth occurs 

from the emission of atoms in the transition from the step of a shrinking grain to the 

step of a growing grain. As shown in Fig. 2-1, these atoms impinge on the close 

packed planes (ab, bf, etc.) of the other grain (grain ). Due to the binding forces Ⅱ

between these atoms and the other grain (grain )Ⅱ , the atoms will stick and thermally 

equilibrate with the growing grain. By this process, a new layer of atoms is formed on 

grain . In the case of an f.c.c. crystal, the nucleus has two alternative ways of fitting Ⅱ

on the existing plane (ab), corresponding to the two different sites on a close packed 

plane. The atoms can go to the C or A sites. (We assume that a-b is a B layer and that 

the plane below it is an A layer.) If atoms forming the new nucleus have C sites, then a 

perfect crystal with an f.c.c. lattice continues to form because the {111} planes form 

an ABC-sequence. The second possibility is that the nucleus is formed by a cluster of 

atoms having A sites. If this happens, then an ABA-sequence is obtained. Assuming 
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that the subsequent nuclei all have the regular sequence of an f.c.c. crystal, then we 

can obtain the sequence: …ABCABACBA…  Finally, a twin which has B as the 

coherent twin boundary is formed.  

Therefore, if the atoms of only one nucleus have the “wrong” lattice position, we 

obtain the first atomic plane of a twin. The “wrong” nucleus grows in diameter by the 

deposition of atoms at the edges. During further crystal growth, new {111} planes are 

formed on this nucleus. These planes have a CBA-sequence and therefore form a 

lattice with a twin orientation relative to the matrix. By this process, the thickness of 

the twin increases. The next “wrong” nucleus that forms in this set of {111} planes 

stops the formation of the twin lattice and starts the formation of a lattice with the 

initial orientation. Thus the distance between the first and second “wrong” nuclei 

determines the thickness of a twin. The density of the twins formed in the growing 

grain will be determined by the frequency of “wrong” nucleation processes.  

Gleiter [13] also calculated an expression of the probability (p) that a nucleus has 

a twin orientation, which is given by: 
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in which the symbols are as follows: p = twin intersections per unit length; Q = 

activation enthalpy for grain boundary migration; ε = energy of the step; h = height of 

the nucleus; k = Boltzmann's constant; σz = surface energy of a coherent twin 

boundary, which is approximately half the stacking fault energy (γ); and G° = △

difference in the Gibbs' free energy between the growing and the shrinking grain. In 

conclusion, Gleiter suggested that the probability of the twins' formation increases 

along with the number of {111} steps and “wrong” nuclei, but decreases with the 

stacking fault energy.  
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Dash and Brown suggested another mechanism in 1963 [11], proposing for the 

first time that twin nuclei consist of stacking fault packets. In 1978, Meyers and Murr 

proposed a similar mechanism [17], suggesting that annealing twin formation proceeds 

in two stages: initiation and propagation. First, a “pop out” nucleation occurs at the 

grain boundary, and then the twin grows into the grain by migration of this boundary. 

As illustrated in Fig. 2-2 (a), the two adjacent grains are at a random orientation 

and the boundary between them is a random boundary. It is possible to decrease the 

overall interfacial energy without changing the position of the boundary AB and a 

twin nucleus with respect to C is then generated. Portion 13 represents the 

non-coherent boundary having interfacial free energy γ TB, portion 23 represents the 

coherent twin boundary portion (coincident with {111}) with energy γ tb. The random 

high-energy boundary 12 (with γ AB) is substituted by a new boundary 12 (γ BC), since 

the relative orientations of A and B, and C and B, are different. Therefore, a twin 

nucleus will form if one has: 

(γ TB A TB + γ tb A tb + γ BC A BC) ＜ γ AB A AB 

This inequality is only possible if γ BC＜γ AB. Since the existence of special or low- 

angle boundaries with energies considerably lower than random ones is well 

established [19], the situation shown above is possible. If the relative orientation of 

grains A and B is such that BC forms a “special boundary”, the above condition could 

be satisfied. Fig. 2-2 (a) shows the initiation of twin formation when the adjacent 

grains are amenable to form a “special boundary”; the boundary 12 decomposes into a 

non-coherent twin boundary 13, coherent twin boundary 23, and a “special boundary” 

12. In Fig. 2-2 (a), the thicknesses of the lines have been drawn approximately 

proportional to the energies of the boundaries.  

Once the twin has nucleated, its growth will be achieved by migration of the 

grain boundary. An illustration of the twin nucleus and growth is depicted three- 



 

 6 

dimensionally in Fig. 2-2 (b). It traverses the AB boundary entirely, and its limiting 

faces 123 and 456 are in direct contact with the adjoining grains C and D, respectively. 

The coherent and non-coherent twin boundaries are 2365 and 1463, respectively, and 

the original boundary 1254 has been replaced by a “special boundary.” The growth of 

the twin from its nucleus will proceed through the migration of non-coherent twin 

boundary 1463, as shown in Fig. 2-2 (b-(2)). Again, the driving energy for the process 

will be the reduction of the overall interfacial energy and dislocation density (if 

recovery has not been completed). The energy of the non-coherent twin boundary 

depends on its inclination. If rotated conveniently, it will fall into one of the “special 

boundary” orientations. Indeed, the non-coherent twin boundaries have been found to 

have preferential orientations. The energy gradient provides a torque that tends to 

rotate the non-coherent twin boundary away from its nucleus inclination. Fullman [20] 

found that it is approximately parallel to a {113} plane of one crystal and to a {335} 

plane of the other. Other investigators [11,19,21-22] have also found preferential 

orientations. Figure 2-2 (b-(2)) shows the growth of the twin under the influence of 

the combined driving energies. There is relatively low energy expenditure in the 

formation of the lateral boundaries 23'65 and 11'4, since they are coherent twin 

boundaries. However, the separation between the parallel coherent boundaries is not 

expected to change during the propagation stage; it is thought [8,23] that the mobility of 

coherent twin boundaries in a direction perpendicular to the boundary is much lower 

than that of random boundaries. Figure 2-3 shows how this three-dimensional twin 

will appear in a micrograph; depending on the sectioning planes, different 

morphologies are observed. 

2-1-2. The affected factors of the frequency of annealing twins  

Annealing twins are usually formed as a consequence of growth accidents or 

presumed to be formed on stacking faults during the recrystallization of f.c.c. metals 
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and alloys. From a great deal of empirical evidence, the important factors to 

determine the frequency to form annealing twins can be listed as follows: 

(1) grain size [15,24-26];  

(2) temperature and time of annealing [15,26];  

(3) grain boundary velocity [27,28];  

(4) grain boundary energy [17];  

(5) twin boundary or stacking fault energy [13,29,30];  

(6) crystallographic texture [31-33];  

(7) degree of prior deformation [34-36]. 

2-1-3. The effect of twin boundaries on mechanical properties 

It is well established that the mechanical properties of polycrystalline metals 

depend on the interaction between lattice dislocations and grain boundaries. However, 

the difference of strength contribution between general grain and twin boundaries has 

not been made clear by previous studies. Some authors consider that the annealing 

twin boundaries act as strong resistance to slip as other boundaries [37-45]. In other 

papers, annealing twin boundary was taken as an invalid obstruction to restrain 

slipping and should be neglected [46-52]. But most reviews have asserted that twin 

boundaries were effective barriers to slip, with the exception of cross-slip screw 

dislocations [53-54]. 

The geometrical analysis of twin-slip interaction in f.c.c. crystals was first 

considered by Remy [55-56]. As shown in Figure 2-4, the schematic illustration for 

twin-slip interaction in f.c.c. crystals is conveniently shown in a double Thompson 

tetrahedron. The upper and low tetrahedrons refer to the matrix and twin respectively, 

and the plane ABC or A'B'C' is the common plane (i.e. twinned boundary). Since in 

f.c.c. crystals both the slip and twinned planes are {111} planes, the intersection of the 

incident slip plane with the obstacle twin boundary is a <110 > direction. The twin-slip 
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interaction is analyzed in the following for an obstacle twin with a (111) common 

plane and a (111) incident slip plane. For an incident (111) slip plane, the possible 

Burger vectors of perfect dislocations are ±1/2 [ 011 ], ±1/2 [110] and ±1/2 [101]. The 

first dislocation is parallel to the slip plane - twin boundary intersection, and would 

propagate across the twin by cross-slip: 

1/2 [ 011 ] → 1/2 [ 011]T                       (2) 

The other dislocations would be blocked at the twin boundary. However, these 

dislocations could also propagate across the twin by means of a dissociation reaction 

at the twin boundary. Mahajan and Chin [57] suggested following dissociation 

reactions for the dislocations with ±1/2 [110] Burgers vector on a (111) slip plane 

encountering a (111) twin boundary: 

1/2 [110] → 1/2 [101]T + 1/6 [ 211 ]                 (3) 

1/2 [110] → 1/2 [110]T + 2 × 1/6 [112 ]                (4) 

In above dissociation reactions, dislocations dissociate into one slip dislocation in the 

twin and a partial dislocation which describes the step, on atomic plane high, left at 

the interface. Recently, the interactions between dislocation and coherent twin 

boundary were studied via molecular dynamics simulations [58-61]. These simulate 

results revealed that dislocations approaching twin boundaries can propagate into the 

adjacent twin grain by cross-slip at the boundary or combined with dissociation within 

the twin boundary plane. Schematic illustration of these simulate interaction modes 

between a dislocation and a twin boundary is shown in Fig. 2-5. The screw dislocation 

in Al has dissociated into two Shockley partial dislocations moving in opposite 

directions in the twin plane (upper panel in Fig. 2-5), however in Cu or Ni, the screw 

dislocation cuts through the twin boundary (lower panel in Fig. 2-5). 

    It is known that refining grains may effectively strengthen a material. However, 

plenty of experimental results over the past several decades have shown that most 
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nano-crystalline metals are very brittle [62-65]. The possible reason for the observed 

brittleness is due to the suppression of dislocation activities by the high density of 

grain boundaries (GBs), and thus, plastic deformation becomes more limited. Because 

dislocations can be absorbed and accommodated when encounter the twin boundaries 

(TBs), the existence of large numbers of twins may contribute to an increase in the 

ductility. Recently, Suresh et al. suggest that a high density of nanoscale twins in the 

large grain will be an optimal choice for the microstructure design [60,66-69]. Systematic 

tensile tests and qualitative analysis showed that the nano-scale twins would 

contribute significantly to both strength and ductility [60,66-69]. Fig. 2-6 (a) shows TEM 

image for as-deposited sample, most grains are subdivided further into twin/matrix 

lamellar structure by a high density of twin boundaries. Figure 2-6 (b) is the 

magnification of Fig. 2-6 (a), the coherent TBs are straight and defect-free. In contrast, 

Figure 2-6 (c) shows the deformed sample with fine twins, where a large amount of 

dislocation debris is accumulated near TBs. HRTEM image in Fig. 2-6 (d) indicates 

that these dislocations debris are Shockley partial dislocations, as identified by marks. 

The partial dislocations or steps observed in the deformed TBs (Fig. 2-6 (d)) suggest 

that dislocations can propagate across the coherent TBs, and provide exceeding 

dislocations accumulating within the TBs. Figure 2-6 (e) also shows nano-twin Cu 

specimens possess very high ductility than that of the nanocrystalline Cu specimens 

with conventional GBs. Therefore, the previous investigations proposed that there 

exists a fundamental difference between TBs and GBs in controlling ductility.  

 

2-2. Introduction of the Deformation Twins 

2-2-1. The mechanism for the formation of deformation twins 

Deformation twins are exhibited when the material is subjected to mechanical 

deformation. Deformation twins occur easily in the low stacking fault energy 
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materials and at low temperatures. The deformation accompanying deformation 

twinning is simpler than that associated with martensitic reactions, as there is no 

change in crystal structure, merely a reorientation of the lattice. Therefore, the change 

of shape associated with deformation twins is simple shear, as shown in Fig. 2-7 [76]. 

The pole mechanism is the prime mechanism that interprets the formation of 

deformation twins [77]. A deformation twin can be created by the motion of partial 

dislocations. For example, imagine that a Shockley (partial) dislocation of a Burgers 

vector (a/6)[112 ] moves across each (111) close-packed plane contained in a section 

of an f.c.c crystal. The stacking sequence in this section would be changed from 

ABCABC to CBACBA. In other words, successively faulting each plane of atoms in 

a crystal produces a new perfect crystal. The orientation of the new crystal, the twin, 

is that of a mirror image of the original crystal reflected in the boundary plane. Partial 

dislocations that create a twinned region are also called twinning dislocations, and the 

pole mechanism was originally conceived to explain the phenomenon of deformation 

twinning. A twin can be produced if a partial dislocation attached to a stacking fault 

crosses a pole dislocation whose Burgers vector has a component normal to the slip 

plane of the partial dislocation. The result of this encounter is illustrated in Fig. 2-8. 

As it spirals around the pole, the partial dislocation produces a deformation twin. The 

partial dislocation of Fig. 2-8 could have its origin in the split of a perfect dislocation 

into Frank and Shockley partial dislocations. Being sessile, the Frank dislocation 

would anchor the other end of the stacking fault. The stress that pushes the Shockley 

dislocation around the pole must be high enough to overcome the force arising from 

the desire of the stacking fault to minimize its area. The pole mechanisms of the 

growth of a twin for f.c.c. and b.c.c. crystals are according to the following reactions: 

                   b.c.c. : [ ] [ ]111 112 111
2 3 6

a a a  → +                     (5) 
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                   f.c.c. : [ ] [ ]011 111 211
2 3 6

a a a  → +                     (6) 

2-2-2. Emissary dislocations 

Since a deformation twin consists of numerous twinning dislocations, the 

boundary of this twin region is noncoherent. In addition, the energy associated with 

the twin boundary is high, as shown in Fig. 2-9. Sleeswyk has pointed out that a 

noncoherent twin boundary can reduce its energy if it sends out what he calls 

emissary dislocations [77]. The following example illustrates how this energy reduction 

is accomplished. Figure 2-10 (a) shows a twin lamella, which with a b.c.c. crystal and 

its boundary consists of (a/6)[111] partial dislocations. The energy of the boundary 

can be reduced if every third dislocation undergoes the reaction: 

                     [ ] [ ]111 111 111
6 2 3

a a a  → +                        (7) 

The perfect dislocation a/2 [111] can be emitted, and the a/3 [111] dislocation can be 

consumed by the other two a/6 [111] dislocations in the twin boundary. Thus, every 

three a/6 [111] dislocations occurs according to the above reaction. The schematic 

illustration is shown in Fig. 2-10 (b). A similar reaction of emissary dislocations for 

f.c.c. crystal is given by:  

                     112 112 112
6 2 3

a a a     → +                         (8) 

 

2-3. Introduction of the Transformation Twins 

2-3-1. Characteristics of diffusionless transformations 

The coordinated movement of atoms, or diffusionless transformation, is the 

typical property in martensite transformations. Diffusionless transformations, as the 

name suggests, do not require long-range diffusion during the phase change; only 

small atomic movements over usually less than the interatomic distances are needed, 

and the atoms maintain their relative relationships during the phase transformation. 
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Since the surface relief effect [79] in the martensite transformation has been observed, 

there must be a physical change in the macroscopic shape of the parent crystal during 

transformation [78]. The shape deformation can be illustrated as in Fig. 2-11 [80], where 

a comparison is made between diffusional and diffusionless transformations. In Fig. 

2-11, the order of arrangement of atoms in the product lattice is different from that in 

the parent lattice for diffusional transformation. In other words, diffusional 

transformation involves a reconstruction of the parent lattice. However, as shown in 

Fig. 2-11, although the interface between the parent and product lattices in 

diffusionless transformation does not contain any distortions, a significant shear 

component occurs in the interface. Thus, diffusionless (shear) transformation has a 

macroscopic scale and the characteristics of an invariant-plane strain (IPS). Figure 

2-11 also shows the labeled coloration of atoms in the parent crystal, which for the 

diffusionless transformation remain in the correct sequence in the product lattice. 

Furthermore, in the martensite transformation, there exists an atomic correspondence 

between the parent and product lattices. 

2-3-2. The solid solution of carbon in iron 

The solid solution of carbon plays an important role in the phase transformation 

and material properties. In an f.c.c. lattice structure, there are two possible positions 

for accommodating interstitial atoms, as shown in Fig. 2-12 [81]. These are the 

tetrahedral site, which is surrounded by four atoms, and the octahedral site, which has 

six nearest neighbors. The sizes of the largest atoms that can be accommodated in 

these holes without distorting the surrounding matrix atoms can be calculated if it is 

assumed that the atoms are close-packed hard spheres. Such a calculation gives:  

tetrahedral interstice d4 = 0.225D 

                    octahedral interstice d6 = 0.414D                  (9) 

where D is the diameter of the parent atoms and d4 and d6 are the maximum interstitial 
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diameters in the two types of site.  

The possible positions of interstitials in the b.c.c. lattice are shown in Fig. 2-13. 

It is seen that there are three possible octahedral positions (1/2[100], 1/2[010], 

1/2[001]), and six possible tetrahedral positions for each unit cell. In this case, the 

maximum sizes of interstitials that can be accommodated without distorting the lattice 

are as follows: 

           tetrahedral interstice d4 = 0.291D 

                      octahedral interstice d6 = 0.155D                (10) 

From eq. (9) and eq. (10), although the b.c.c. structure has more free space than the 

close-packed lattices (f.c.c. structure), the space available per interstitial is less than 

that for the f.c.c. structure. 

In spite of the fact that d6 < d4, measurements of carbon in solution in iron show 

that these interstitials prefer to occupy the octahedral positions in the b.c.c. lattice. It 

is conjectured that the b.c.c. lattice is weaker in the <100> direction due to the lower 

number of near and next nearest neighbors as compared to the tetrahedral interstitial 

position [82]. Therefore, the martensitic Fe-C lattice is distorted into a b.c.t. structure, 

as shown in Fig. 2-13 (c). The measurements made previously show that the c/a ratio 

of the b.c.t. lattice [83-86] is given by: 

                       c/a = 1.005 + 0.045 (wt% C)                  (11) 

As seen by these results, the distortion of the lattice in one direction (z) causes a 

contraction in the two directions of x and y. The serious distortion of the b.c.c. lattice 

is the reason why the martensite phase has a high hardness in steel.   

2-3-3. The orientation relationships of martensite transformation 

Since there is no diffusion during martensite transformation, atoms must be 

transferred across the interface in a coordinated manner [87,88], and it follows that the 

austenite and martensite lattices should be intimately related. In the experimental 
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observation, there is an orientation relationship (OR) between the parent and product 

crystals in the martensite transformations. The orientation relationship usually 

consists of parallel, or very nearly parallel, corresponding closest packed planes from 

the two lattices, since it is usually the case that the corresponding closest packed 

directions in these planes are also roughly parallel. The interface, which is between 

the parent and product crystals, has a regular and undistorted plane that is usually 

called a “habit plane”. Habit planes in martensite transformation are not always the 

same, changing with the carbonic content in the alloys. The habit plane is close to 

{111}γ in low carbonic content steel (< 0.5wt%C) [89], changes to {225}γ in middle 

carbonic content steel (0.5~1.4wt%C) [90], and finally is close to {259}γ or {3 10 15}γ 

in high carbonic content steel (> 1.4wt%C) [91]. Many studies have been carried out on 

the crystallography of lath martensite in low carbonic content steel [92-99]. Its habit 

plane is close to {111}γ, and its orientation relationship (OR) between martensite and 

austenite is near the Kurdjumov-Sashs (K-S) OR [100]: 

{111}γ // {011}m 

                            <101>γ // <111> m                       (12) 

When the habit plane changes to {225}γ, the orientation relationship maintains K-S 

OR. However, the habit plane of plate martensite in high carbonic content steel is 

close to {259}γ or {3 10 15}γ, and the orientation relationship is the 

Greninger-Troiano (G-T) OR [101]: 

{111}γ 1° from {011}m 

                         <101>γ 2.5° from <111> m                   (13) 

Recently, Maki et al. used electron back scattered diffraction pattern (EBSP) 

technology to investigate the orientation relationship (OR) in lenticular martensite, 

which has properties between those of lath martensite and thin plate martensite [125]. 

They found the orientation within lenticular martensite changes gradually between the 
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midrib and the region near the M/A interface. The midrib and the twinned regions 

both contain high densities of transformation twins, and hold the near G-T OR with 

the austenite, similar to the case of thin plate martensite. The untwinned region 

contains a high density of dislocations and displays near K-S OR with the austenite 

across the M/A interface, similar to the case of lath martensite. The measured points 

and the ORs which are located between the midrib and the M/A interface in the 

martensite are shown in Fig. 2-14. Maki et al. concluded that the OR change in a 

lenticular martensite is caused by heterogeneous distribution of defects in the 

martensite itself, and also in the surrounding austenite.  

2-3-4. The phenomenological theory of martensite crystallography 

In order to explain the orientation relationship (OR) between the parent and 

product crystals in the martensite transformations, Bain (1924) first suggested that a 

body-centered cubic lattice could be obtained from a face-centered cubic structure 

with 17% compression parallel to the c axis and 12% expansion along the two a axes 

[102]. A schematic illustration of the f.c.c.→b.c.c. transformation is given in Fig. 2-15. 

Consequently, any simple homogeneous pure distortion of this nature, which converts 

one lattice into another by expansion or contraction along the crystallographic axes, 

belongs to a class known as Bain distortions. 

The Bain distortion indicated above converts a face-centered cubic lattice into a 

body-centered one with a minimum of atomic movements. However, there is no 

undistorted plane associated with this Bain distortion, so that the invariant-plane strain 

associated with martensite transformations cannot be explained by this process. 

  The operation of an invariant-plane strain (IPS) always leaves one plane of the 

parent crystal completely undistorted and unrotated; this plane is the invariant-plane. 

In addition, because there is no change in the relative positions of atoms in the slip 

plane, and the plane on which the twinning shear occurs is again unaffected by the 
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deformation, the invariant-plane strains contain both slip and twinning. The nature of 

invariant-plane strain can be illustrated in Fig. 2-16, which shows three types of these 

strains, defined with respect to a right-handed orthonormal basis Z, such that z3 is 

parallel to the unit normal p of the invariant-plane, and z1 and z2 lie within the 

invariant-plane, z1 being parallel to the shear component of the strain concerned. Fig. 

2-16 (a) illustrates an invariant-plane strain which is purely dilatational. In Fig. 2-16 

(b), the invariant-plane strain corresponds to a simple shear, involving no change of 

volume, as in the homogeneous deformation of crystals by slipping. The most general 

invariant-plane strain (Fig. 2-16 (c)) involves both a volume change and a shear. In 

Fig. 2-16 (c), md represents the displacement vector; md = sz1+δz3, where s and δ are 

the shear and dilatational components, respectively. It follows that the three matrices 

representing the deformations of Fig. 2-16 (a)-(c) are, respectively, 

 

( )1

1 0 0

0 1 0

0 0 1

ZPZ

δ

 
 =  

+  

   ( )2

1 0

0 1 0

0 0 1

s

ZP Z

 
 =  
  

   ( )3

1 0

0 1 0

0 0 1

s

ZP Z

δ

 
 =  

+  

 

As mentioned above, from the existence of the orientation relationship (OR) 

between the parent and product crystals in the martensite transformations, we can find 

that the deformation in the transformation must contain an invariant line. Thus the 

Bain Strain does not in itself constitute the total transformation strain, which must be 

corrected, and the interpretation of this correction can be illustrated as in Fig. 2-17 

[103]. The Bain Strain in this figure is derived by considering a spherical volume of the 

original austenite lattice and then deforming this into an ellipsoid of revolution. 

Notice that the principal axes a1 remain unrotated by the deformation, and that lines 

such as ab and cd, which become a'b' and c'd', respectively, remain unextended by the 

deformation, though rotated through the angle θ. Suppose now that the ellipsoid 
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resulting from the Bain Strain is rotated through a right-handed angle of θ, about the 

axis a2; then Fig. 2-17 (c) illustrates that this rotation will cause the initial and final 

cones of unextended lines to touch along cd, bringing cd and c'd' into coincidence. 

Consequently, the deformation would leave the line cd both unrotated and unextended, 

a kind of deformation called an invariant-line strain (ILS). Thus, the deformation in 

the martensite transformation must contain an invariant line strain, which can be 

obtained by combining the Bain Strain with a rigid body rotation. 

  Although the invariant-line strain (ILS) has been interpreted successfully by 

combining the Bain Strain with a rigid body rotation, the observation of shape 

deformation (surface relief effect) in the experiment, which has the characteristics of 

an invariant-plane strain (IPS), cannot be entirely explained. The shape deformation 

can be represented by means of a shape deformation matrix (F P F), but this is not the 

case for the f.c.c.→b.c.c. martensite reaction, where the lattice transformation strain 

(F S F) does not equal the observed shape deformation (F P F). Figure 2-18 is an 

excellent schematic illustration of the phenomenological theory of martensite [104]. 

Figure 2-18 (a) represents the shape of the beginning austenite crystal with the f.c.c. 

structure. On martensite transformation, its shape alters to that illustrated in Fig. 2-18 

(b), and the movement of shape deformation from (a) to (b) is clearly an IPS on the 

plane with unit normal p and in the unit displacement direction d. However, the 

structure of the crystal in Fig. 2-18 (b) is an intermediate lattice which is not b.c.c., 

since an IPS cannot on its own change the f.c.c. structure into the b.c.c. structure. 

However, an invariant-line strain can transform f.c.c. to b.c.c., and since an ILS can 

be factorized into two invariant-plane strains, it follows that the further deformation 

(F Q F) needed to change the intermediate structure of Fig. 2-18 (b) to the b.c.c. 

structure (Fig. 2-18 (c)) is another IPS. (F Q F) has to be chosen in such a way that (F 

P F) (F Q F) = (F S F), where (F S F) is an invariant-line strain which transforms the 
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f.c.c. lattice into the b.c.c. lattice. Hence, a combination of two invariant-plane strains 

can accomplish the necessary lattice change, but this then gives the wrong shape 

change, as the extra shape change due to (F Q F), in changing (b) to (c), was not 

observed in the experiment. 

  Experiments [105-107] indicate that the shape deformation due to the f.c.c.→b.c.c. 

martensite transformation is an IPS, and it seems that the effect of (F Q F) on the 

macroscopic shape is invisible. If we can find a way of making the effect of (F Q F) 

invisible as far as the shape change is concerned, then the problem is essentially 

determined.  

  The extra shape change due to (F Q F) can be made invisible by applying another 

deformation to (c) such that its shape is brought back to that of (b), without altering 

the b.c.c. structure. Such a deformation must therefore be lattice-invariant, because it 

must not alter the symmetry or unit cell dimensions of the parent crystal structure. 

The slip deformation on the planes with normal q and in the direction –e would make 

the shape change due to (F Q F) invisible on a macroscopic scale, as illustrated in Fig. 

2-18 (d). Note that the vector e is normal to q but does not lie in the plane of the 

diagram. In applying the lattice-invariant shear (an inhomogeneous slip shear) to (c) 

in order to obtain (d), the b.c.c. structure of (c) is completely unaffected, while the 

shape is deformed inhomogeneously to correspond to that of (b), as illustrated in Fig. 

2-18 (d). This is the essence of the theory of martensite crystallography [108-110], which 

explains the apparent contradiction that while the lattice transformation strain is an 

ILS, the macroscopic shape deformation is an IPS. The reason is that the lattice 

transformation strain, when combined with an inhomogeneous lattice-invariant shear, 

produces a macroscopic shape change which is an IPS. 

  Twinning is another deformation which does not change the nature of the lattice 

(although unlike slip, it reorients it); the shape (c) of Fig. 2-18 could be deformed to 
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correspond macroscopically to that of (b), without changing its b.c.c. nature, by 

twinning, as illustrated in Fig. 2-18 (e). The magnitude of the lattice-invariant 

deformation can be adjusted by varying the volume fraction of the twin. This explains 

the twin substructures found in many ferrous martensites, which are called 

transformation twins. The irrationality of the habit planes arises because the indices of 

the habit plane depend on the amount of lattice-invariant deformation.  

  In summary, the martensite transformation in iron requires an invariant-line 

strain (F S F) to change the f.c.c. lattice to the b.c.c. martensite lattice and to obtain 

the experimentally observed orientation relation. This can be imagined to consist of 

two homogeneous invariant-plane strains (F P F) and (F Q F), such that (F S F) = (F P 

F) (F Q F). However, the shape change due to the simple shear (F Q F) is rendered 

invisible on a macroscopic scale, since there is also an inhomogeneous 

lattice-invariant deformation (which can be slip or twinning) which cancels out the 

shape change due to (F Q F), without altering the lattice structure. It follows that the 

macroscopic shape change observed is solely due to (F P F), and therefore has the 

characteristics of an invariant-plane strain, as experimentally observed. We have 

already seen that the transformation strain (F S F) can be factorized into a Bain Strain 

(F B F) combined with an appropriate rigid body rotation (F J F), such that (F S F) = 

(F B F) (F J F), which is an invariant-line strain. Hence, the theory of martensite 

crystallography can be summarized in terms of the equation (F S F) = (F B F) (F J F) 

= (F P F) (F Q F). 

2-3-5. The morphologies of martensites  

As discussed in the previous section 2-3-4 , the lattice-invariant deformation in 

the martensite is achieved by slip and twinning. Earlier studies have also conducted 

some observations of TEM micrographs, which show the characteristics of slip and 

twinning deformations in Fe-alloys [79,92-99,111-126]. In the experimental observations, 
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there are two major types of martensites, namely lath and plate. Lath martensite, 

which forms in low carbonic content alloys and high temperature range (~ >200 ), ℃

contains a high density of dislocations, typically in the order of 1015 m-2 [127,128]. Plate 

martensite, which forms in high carbonic content alloys and low temperature range (~ 

<200 ), contains a set of regularly spaced transformation twins. The orientation ℃

relationships (OR) between martensite and austenite are near K-S OR in the lath 

martensite and near G-T OR in the plate martensite [125]. The relationship between the 

morphology of the martensite and the carbonic content is shown in Fig. 2-19 [126]. The 

conclusion of morphology and crystallography of martensites in ferrous alloys is also 

illustrated in Fig. 2-20. In the following section, we consider the two main cases of 

martensites in more detail. 

2-3-5-1. Lath martensites 

The morphology of a lath has the dimensions a > b >> c growing on a {111}γ 

plane. Because the lath martensite usually forms in low carbonic content alloys and in 

a high temperature range, slip deformation is favored. Consequently, observations of 

the lath martensite reveal high density dislocations. The microstructure of the lath 

martensite is illustrated in Fig. 2-21. Several packets are found within a prior austenite 

grain, and each packet is divided into several parallel blocks. The individual 

martensite laths are visible as a fine substructure within the blocks [129,130]. The 

martensite laths may be separated by low or high angle boundaries, or may be 

twin-related [93,131]. The walls (boundaries) of the unit cells contain high density 

dislocations, and these will be eliminated after tempering. In addition, the boundaries 

of blocks and packets are high angle boundaries, which can resist the passage of 

micro-cracks. The widths of the units which make up a block of martensite range 

from less than 0.1µm to several microns, with the most frequently occurring width 

being between 0.1 and 0.2µm [92]. Although twins have been observed in the low 
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carbonic content lath martensites, their density was very low [132,133].  

2-3-5-2. Plate martensites 

Plate martensite is found in high-carbon alloys and forms in the low temperature 

range, so twinning deformation is favored [111-126]. The morphology of a plate has the 

dimensions a = b > c. This structure differs from that of a lath martensite, in that 

adjacent plates do not form parallel to one another. The plates which are the first to 

form tend to span their parent austenite grains and effectively partition the austenite, 

thus limiting the size of plates that subsequently form, as shown in Fig. 2-22. The 

effect of this partitioning is to produce a large range of plate sizes and plate 

orientations in this type of martensite. In addition, because the plates form on 

irrational habit planes of high multiplicity and adjacent plates generally form on 

nonparallel variants, the successive generations of plates will impact or impinge on 

those plates formed earlier in the transformation process. The stress fields generated 

by the impact of two plates require some sort of accommodation. If the martensite is 

ductile, such as in Fe-Ni alloys or high carbon steels, the accommodation occurs by a 

slip mechanism or deformation twinning, but in brittle martensites, microcracking is 

often the means of accommodation [79,134-137]. The impingements between martensite 

plates and parent austenite boundaries also develop preferred nucleation sites for new 

martensite plates. Kelly and Nutting found that the plate martensite contains many 

parallel transformation twins, as shown in Fig. 2-23 [138]. These twins do not extend 

across the boundary of the plate martensite, but rather terminate there. Most of the 

transformation twins in plate martensite are the {112}b type [139-140], but some twins 

found in high carbon steels are the {110}b type [141]. In Fe-Ni alloys or high carbon 

steels, dislocations have also been found to frequently coexist with transformation 

twins in the plate interior [111,142]. Plate martensites further classified into thin plate 

and lenticular martensites. We will describe the substructures of plate martensite in 
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detail in the following section.  

2-3-6. The transformation twins in the thin plate or lenticular martensites 

As mentioned before, the inhomogeneous deformation in the transformation was 

achieved by slip and twinning. From the observations in the previous experiments, the 

substructure of lath martensite is known to consist of high density dislocations [127,128], 

while the substructure of thin plate martensite consists of a set of regularly spaced 

transformation twins extending completely from one interface to the other [143]. 

However, the characteristics of lenticular martensite, which forms at an intermediate 

Ms temperature, are more complicated than those of the other types. Lenticular 

martensite contains three regions; (1) “midrib,” which is completely high density 

twinned, (2) “twinned,” in which some twins are extended from the midrib, and (3) 

“untwinned,” which contains no twins but many dislocations. A schematic illustration 

of lenticular martensite is shown in Fig. 2-24. In the past, a number of studies and 

electron microscopic observations have been carried out in order to clarify the 

detailed substructures and crystallography of plate or lenticular martensites [111-126]. 

The midrib, twinnings, and dislocations were observed as internal planar 

inhomogeneities accompanying the transformation. We will discuss these 

substructures which appear in lenticular martensites in more detail in the following 

sections. 

2-3-6-1. The midrib region 

One of the typical properties of twinned plate martensites formed in Fe-alloys is 

the appearance of an obvious midrib. Although there are several references in the 

literature to this midrib, the detailed substructures and formation of it remain unclear. 

In an earlier study, the midrib is revealed in etched specimens of ferrous martensites, 

appearing as a very straight thin region which more or less divides the plate in half 

[144]. Previous research also indicated that the midrib region is more heavily attacked 
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by etchants, owing to its apparent higher state of distortion compared to the rest of the 

plate. Greninger and Troiano (1949) referred to the midrib plane as the place where 

“shearing starts” [145]. In 1962, Breedis and Wayman also argued that the midrib likely 

corresponds to a very thin region in which the transformation begins [146]. In the same 

year, Warlimont and Shimizu also showed that a high density of {112}b twins exists at 

the midrib region of martensite plates in Fe-Ni alloy [147,148]. It would appear that the 

midrib region represents a high-energy region where transformation is initiated, and 

that growth of the plate occurs sideways from this area. 

Breedis and Wayman also suggested that the midrib plane was the habit plane, as 

the austenite-martensite interface is quite irregular in some plate martensites [111,146]. A 

schematic illustration of plate martensite is shown in the Fig. 2-25 [79]. It appears that 

the midrib can be considered the habit plane if the M/A interface is irregular. Figure 

2-26 is an optical micrograph of Fe-1.86wt%C alloy [79], in which the etched 

specimen shows a dark and straight line which runs through the center of a martensite 

plate; this is the midrib region. 

A number of studies of martensite transformation in Fe-Ni alloys have been 

conducted [87,90-91,111-112,116,118-121,125,146,149-151]. In 1966, a detailed observation of the 

midrib region in plate martensite for Fe-29.8% Ni alloy was undertaken by Wayman 

and his coworkers [111]. Figure 2-27 is a transmission electron micrograph of the 

midrib trace and the internal twinning region, while Fig. 2-27 (b) is a diffraction 

pattern from this region. It appears that the midrib region contains high density twins, 

and the trace analysis identifies the twin interface as (112 ). 

In 1972, Shimizu and Nishiyama also observed the midrib region in a martensite 

plate of Fe-27.5%Ni-17.2%Co alloy [112]. Figures 2-28 (a) and (b) are electron 

micrographs showing the midrib region, taken from the same area in a martensite 

plate but after tilting the specimen foil. They also found that the high density {112} b 
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twins were restricted to a narrow band along the center of the plate corresponding to 

the midrib. Detailed inspection shows a region about 1µm in width, as indicated by 

arrows. When the specimen is tilted a few degrees, this region again shows a different 

contrast compared to the surrounding twinned region, as seen in Fig. 2-28 (b). It thus 

seems that the midrib region has a slightly different orientation than the surrounding 

twin region, although the reason for this is not yet clear.  

The research and observations of midribs are common for Fe-Ni alloys, but rare 

for high carbon steels. Detailed study and observation of transmission electron 

micrographs about the midrib in plate martensite for Fe-8%Cr-1%C alloy was 

conducted by Shimizu and Wayman et al. [113]. They found that the substructures (or 

internal inhomogeneities) in the plate martensites are not well defined and are quite 

variable from plate to plate. In their observations, some midribs appeared at one 

interface and grew toward another (Fig. 2-29 (a)), but some midribs appeared at the 

centers of the plates (Fig. 2-29 (b)). Additionally, as seen in Fig. 2-29 (b), they also 

found the {112} b twins were bent a little at the midrib region. However, the twin 

density on the whole was very low compared with that in Fe-Ni alloys.  

Recently, Maki et al. found a similarity between the midrib and thin plate 

martensite [152-153]. In Fig. 2-30 (a), lenticular martensite forms in a group and exhibits 

a zigzag array. These arrays are quite similar to those of thin plate martensite, as 

shown in Fig. 2-30 (b). Figure 2-31 (b) displays a midrib in lenticular martensite, 

which is sometimes branched (a) or kinked (c), and these kinds of morphology are 

often observed in thin plate martensite ((b) and (d)). According to these results, Maki 

et al. proposed that the midrib in lenticular martensite is itself thin plate martensite. 

Figures 2-32 and 2-33 are optical micrographs and TEM micrographs, respectively, 

showing the stress-induced growth behavior of thin plate martensite by tensile 

deformation. Figure 2-33 shows that the twins are partly extended from thin plate 
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martensite, and it confirms the proposition by Maki et al. that the midrib in lenticular 

martensite is thin plate martensite; thus, there is no difference between midrib and 

thin plate martensite at the earliest stage of martensite transformation. 

2-3-6-2. The twins region 

The midrib region contains high density {112} b twins through the centre of a 

martensite plate, and the plate grows extensively on both sides from this region. In 

1964, Patterson and Wayman found that the effect on the extent of twinning from the 

midrib region is relative to the composition range of the alloys [154]. In 1966, the 

twinning structures in Fe-Ni alloys were examined by optical micrography [111]. 

Figures 2-34 (a)-(c) are optical micrographs of martensite plates in alloys containing 

29.8%, 32.0% and 33.2% nickel, respectively. Fig. 2-34 (a) is an optical micrograph 

of an Fe-29.8%Ni alloy, and shows localized twinning at the midrib, beyond which 

the nature of the austenite-martensite interface is irregular. Figure 2-34 (b) is an 

optical micrograph of an Fe-32.0%Ni alloy; note that the extent of twinning is greater 

than in the Fe-29.8%Ni alloy, and that the twinned region is fairly uniform in width. 

Figure 2-34 (c) is an optical micrograph of an Fe-33.2%Ni alloy; note the essentially 

complete internal twinning and the relatively straight nature of the 

austenite-martensite interfaces. Figures 2-34 (a)-(c) clearly show the increasing extent 

of twinning and the trend towards straighter austenite-martensite interfaces with 

increasing nickel content; i.e., the extent of twinning increases as the Ms temperature 

is decreased. In other words, the difference in the characteristics with regard to twins 

throughout the plate and twins concentrated at the center is related to the composition 

of the materials.   

2-3-6-3. The transformation mechanism changes from twinning to slip 

After the twins extend from the midrib region, the extension will stop, and then 

the second stage of the growth of plate martensite begins, which is when the slip shear 
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occurs. This change in the growth mechanism from twinning to slip is probably due to 

the local temperature rise produced in the transformed region [111]. The temperature 

rise, △T, produced by a single burst during martensite transformation was determined 

by measuring the specimen temperature during slow cooling (~ 1˚C/min) in liquid N2 

vapor, as described by Honma in 1957 [155]. The Fe-31%Ni specimen was disc-shaped, 

approximately 1cm thick. The cooling curve is shown in Fig. 2-35. The cooling rate 

after partial transformation was greater than that before because the specimen 

temperature was higher after the burst. The temperature rise was determined by 

smoothly extending the cooling curves before and after the burst and measuring the 

temperature difference between these two curves at the point corresponding to the 

instant of the burst. The measurement △T, 27.5˚C, corresponds to a fraction transform, 

f, of 0.84 and a transformation temperature of -60˚C. In the case of this large value of f, 

the time necessary to equalize the specimen temperature should be quite small. Based 

on the analysis, the local temperature rise, △T'= △T/f, is 33˚C [155]. 

Wayman (1966) proposed that a local temperature rise of ~33˚C is probably large 

enough to have a significant effect on the transformation mode, and that in such 

situations, slip is favored [111]. Therefore, the local temperature rise is the reason why 

the growth mechanism changes from twinning to slip, and why the area outside the 

untwinned region of lenticular martensite contains high density dislocations. The 

observed effect of the Ms temperature (or composition) on the extent of 

transformation twinning is qualitatively consistent with this model, since it becomes 

less likely that the temperature rise can effect a twinning to slip transition when the 

Ms temperature is lowered. In other words, if the Ms temperature is too low, the heat 

emission during the burst has no significant effect on the growth mechanism 

responsible for the twinning to slip transition.  
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2-4. The tempering of martensite  

    Martensite is a very strong but brittle phase, so it is necessary to improve the 

mechanical properties by tempering heat treatment in the range of 150~700˚C. The 

diffusionless martensite transformation results in a ferritic phase, which possesses a 

highly supersaturated solid solution of carbon in iron. Thus, there is a strong driving 

force for precipitation during tempering, which forms divided carbide phases in the 

martensite matrix. Previous studies have shown that the reactions of tempering may 

take various forms, depending on the initial as-quenched state, temperature, and 

chemical composition. The tempering stages include the formation of transition 

carbides, the replacement of the transition carbide by cementite, and the 

transformation of retained austenite, which occurs concurrently with the formation of 

the alloy carbides. The transition carbides can be formed at different temperatures as 

follows: 

~250˚C: η-carbide (η-Fe2C, orthorhombic with a=4.70Å, b=4.32Å, c=2.83Å) 

250~300˚C: ε -carbide ( ε-Fe2-3C, hexagonal with a=2.75Å, c=4.35Å)  

~300˚C: χ -carbide ( χ-Fe5C2, monoclinic with a=11.56Å, b=4.57Å, c=5.06Å)  

2-4-1. Alloy carbides  

    In the alloy steels, the less stable transition carbides, or cementite, can be 

replaced by the alloy carbides. Alloy carbides are formed above 500~600℃, where 

substitutional diffusion becomes significant and the metallic alloying elements can 

diffuse sufficiently rapidly to allow alloy carbides to nucleate. These alloy carbides 

are more stable and finer than cementite, so the formation of alloy carbides is 

advantageous to mechanical properties. There are three ways in which the alloy 

carbides can appear: 

1. By in situ transformation – the alloy carbides nucleate at numerous points at the 
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cementite/ferrite interfaces, and grow until the cementite disappears and is 

replaced by a finer alloy carbide dispersion. 

2. By separate nucleation within the ferrite matrix – usually on dislocations inherited 

from the martensitic structure. 

3. At grain boundaries and sub-boundaries – these include the former austenite 

boundaries, the original martensitic lath boundaries (new ferrite), and the new 

ferrite boundaries formed by coalescence of sub-boundaries, or by 

recrystallization. 

2-4-2. Alloy carbides in chromium steels 

In chromium steels, three kinds of chromium carbides are very often encountered: 

Fe3C 

    This is an iron-rich carbide having the orthorhombic structure of cementite with 

space group Pnma and lattice parameters a = 0.5089 nm, b = 0.6743 nm, c = 0.4524nm; 

it is often referred to as Fe(Cr)3C.  

Cr7C3 

    This carbide also has an orthorhombic structure with space group Pnma and lattice 

parameters a = 0.4526 nm, b = 0.7010 nm, c = 1.2142nm.  

Cr23C6 

    This carbide has a cubic structure, with space group Fm3m and lattice parameter a 

= 1.0659 nm.  

The normal carbide sequence during tempering is: 

Matrix → Fe3C → Cr7C3 → Cr23C6
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Fig. 2-1. Formation of an annealing twin by the nucleation on a close packed plane 

(ab). The curved grain boundary moves in the direction of the large arrows, so that 

crystal Ⅱ grows [13]. 

 

 

 

 

 

Fig. 2-2. (a) Initiation of twin formation when the adjacent grains are amenable to 

form ‘special boundary’. The thicknesses of the line have been made approximately 

proportional to the energies of the boundaries [17]. (b) Three - dimensional 

representation of twin nucleus and incipient twin formation which appears as a ledge 

in the grain boundary plane [17].  

(a) (b) 

(1) 

(2) 
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Fig. 2-3. Three-dimensional view of partially grown annealing twin band and 

morphologies it can take depending on the sectioning plane. (b) Grain-corner twin, if 

sectioning plane is AA. (c) Complete parallel-sided twin, if sectioning plane is BB. (d) 

Incomplete parallel-sided twin, if sectioning plane is CC [17].  

 

 

Fig. 2-4. The double Thompson tetrahedron for the twin-matrix orientation 

relationship. Dissociation reactions for slip dislocation encounters twin boundary is 

conveniently shown in a double Thompson tetrahedron [55,56]. 
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Fig. 2-5. Molecular dynamics simulations of the dislocation - twin boundary 

interaction [58].  

 

 

 

Fig. 2-6. (a) TEM image for as-deposited sample. (b) the magnification of (a). (c) the 

deformed sample with fine twins. (d) HRTEM image for deformed twin boundaries. 

(e) tensile stress-strain curves for three different Cu samples [66]. 

a 

b 
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Fig.2-7. Schematic representation showing how a twin may be produced by a simple 

movement of atoms [76]. 

 

 

 

Fig. 2-8. Schematic representation showing the pole mechanism of twinning [77]. 
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Fig. 2-9. Schematic representation showing the stacking sequence of twin [77]. 

 

. 

 
(a) 

  
(b) 

 

Fig. 2-10. (a) schematic representation showing the twin lamella with incoherent 

boundary. (b) emissary dislocations [77]. 
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Fig. 2-11. Schematic illustration of the mechanisms of diffusional (reconstructive) and 

shear (displacive) transformations [80]. 

 

 

 

         (a) tetrahedral                         (b) octahedral 

 

Fig. 2-12. Illustrating possible sites for interstitial atoms in the f.c.c. or h.c.p. lattices 
[81]. 
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Fig. 2-13. Illustrating (a) possible sites for interstitial atoms in b.c.c. lattice, and (b) 

the large distortion necessary to accommodate a carbon atom (1.54 Å diameter) 

compared with the space available (0.346 Å). (c) Variation of a and c as a function of 

carbon content [81]. 

 

  

 

Fig. 2-14. (a) local ORs were examined at eight points located between the midrib and 

the M/A interface in the martensite. (b) and (c) are the corresponding stereographic 

projections around [101 ]A and [111]A axes, respectively, showing the change of local 

orientation relationship. The locations of the measured points are indicated 

schematically in (a) [125]. 
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Fig.2-15. (a) Schematic illustration of the relation between f.c.c. and b.c.t. cells of     

austenite (b) Bain Strain deforming the austenite lattice into a b.c.c. martensite lattice 
[80]. 

 

 

 

 

 

Fig.2-16. Three kinds of Invariant plane Strains. The heavy lines indicate the shape 

before deformation. δ, s and m represent the magnitudes of the dilatational strain, 

shear strain and general displacement respectively [80].  
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Fig.2-17. (a) and (b) represent the effect of the Bain Strain on austenite, represented 

initially as a sphere of diameter ab which then deforms into an ellipsoid of revolution. 

(c) shows the invariant-line strain obtained by combining the Bain Strain with a rigid 

body rotation [80]. 

 

 
Fig.2-18. Schematic illustration of the phenomenological theory of martensite. (a) 

represents the austenite crystal and (c), (d) and (e) all have a b.c.c. structure. (b) has a 

structure between f.c.c. and b.c.c., p is the habit plane unit normal and q is the unit 

normal to the plane on which the lattice-invariant shear occurs. Note that the vector e 

is normal to q but does not lie in the plane of the diagram [80]. 
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Fig. 2-19. Martensites exhibit various morphologies depending on the carbonic 

contents [130]. 

 

 

 

 
 

Fig. 2-20. Morphology and crystallography of martensites in ferrous alloys [156]. 
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Fig. 2-21. Schematic illustration showing substructures in the lath martensite [130].   

 

Fig. 2-22. Description of the growing situation in the plate martensites transformation 
[130]. 

 

 

 
Fig. 2-23. TEM micrograph showing plate martensite contains regular spaced and 

high density twins in it [130]. 
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Fig. 2-24. The substructure of lenticular martensite contains midrib, twinned and 

untwined regions [156]. 

 

 

 

 

 

 

 

 

Fig.2-25. The schematic illustration of plate martensite showing the midrib can be 

taken as the habit plane [79]. 
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Fig.2-26. Optical micrograph for the Fe-1.86wt%C alloy. The micrograph showing 

the appearance of dark and straight line which through the centre of a martensite plate 
[79]. 

 

 

 

  
 

Fig. 2-27. TEM micrograph showing the midrib trace and the internal twins. (b) is the 

diffraction pattern from this region [111]. 
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Fig.2-28. TEM micrographs of the same area in (Fe-27.5%Ni-17.2%Co alloy) 

martensite, showing a change in contrast at the midrib by tilting the specimen [112]. 

 

 

  

 

Fig. 2-29. (a) TEM micrograph showing (011)b defects and bent (112)b twins in 

martensite, and stacking faults in austenite. (b) TEM micrograph of martensite plate 

showing an apparent midrib and (112)b twins. The (112)b twins are bent at the midrib 

region [113].    

(a) (b) 

(a) 

(b) 

 

1µm 

 

1µm 
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Fig.2-30. Optical micrographs showing (a) lenticular martensite in Fe-29Ni-0.2C (Ms 

= 198 K ), (b) thin plate martensite in Fe-31Ni-10Co-3Ti (Ms = 83 K ), respectively 
[152]. 

 

 

Fig.2-31. (a, c, e) Optical micrographs showing lenticular martensite in Fe-29Ni-0.2C 

(Ms = 198 K ). (b, d, f) thin plate martensite in Fe-31Ni-10Co-3Ti (Ms = 83 K ) [152]. 
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Fig.2-32. Optical micrographs showing the growth behavior of thin plate martensite in 

Fe-31Ni-10Co-3Ti alloy (Ms = 83K): (a) thermally transformed thin plate martensite 

formed by subzero cooling to 77K, (b) the martensite plates shown in (a) after 1% 

tensile deformation at 200K [152-153]. 

 

 

Fig.2-33. TEM micrographs of the substructure of the growth region in 

lenticular-shaped martensite formed from thin plate martensite by 1% tensile 

deformation in Fe-31Ni-10Co-3Ti alloy (M1, the region of the thermally transformed 

thin plate martensite; M2, the deformation-induced growth region) [152-153]. 
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Fig.2-34. (a) Optical micrograph of an Fe-29.8% Ni alloy showing localized twinning 

at the midrib; note the irregular nature of the austenite-martensite interface. (b) 

Optical micrograph of an Fe-32.0% Ni alloy; note that the extent of twinning is 

greater than in Fe-29.8% Ni. (c) Optical micrograph of an Fe-33.2% Ni alloy; note the 

essentially complete internal twinning and the relatively straight nature of the 

austenite-martensite interface [111]. 

 

 

Fig.2-35. Cooling curve showing the temperature rise produced by a transformation 

burst in Fe-31.0% Ni alloy [111]. 

(a) (b) 

(c) 
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Chapter Three 

Effect of annealing twins on hardness in the C2600 alpha-brass 

 

3-1. Introduction 

    Grain boundaries, which are elements of the microstructure of metal polycrystals, 

determine the properties of the material. In particular, the interaction between 

dislocations and grain boundaries plays an important role on the mechanical 

properties of polycrystalline metals. In 1980, “grain boundary design” was first 

proposed by Watanabe and co-workers [70], who were concerned that various grain 

boundaries may behave differently with regard to both the strength and ductility of 

polycrystals.  They suggested that grain boundaries in a polycrystal can roughly be 

divided into so-call “special” and “random” (or “general”) boundaries. Special grain 

boundaries are boundaries whose misorientations are close to some low-value 

coincidence site lattice (CSL) misorientations (designated by Σ). Over the past few 

decades, a considerable number of studies have indicated a significant difference 

between general and special boundaries on mechanical or electrical properties in 

polycrystalline metals. 

A typical example of a special grain boundary is a well-known twin boundary 

having the lowest Σ=3 value of coincidence sites. Annealing twins always form easily 

in low stacking-fault energy materials. Pinto et al. proposed that the volume fraction 

of annealing twins varied with the magnitude and artistry of deformations before heat 

treatment [70]. Therefore, the effect of annealing twins on mechanical properties must 

be discussed. However, the influence of twin boundaries on plastic deformation and 

how it affects grain size measurement (i.e. the difference of strength contribution 

between general grain and twin boundaries) have not been made clear by previous 
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studies. Some authors suggest that the annealing twin boundaries do not restrain 

slipping well and should be neglected in grain size determination [46-52]. In other 

papers, twin boundaries are taken into account in the grain size determination because 

the authors consider them to be as strongly resistant to slipping as other general 

boundaries [37-45]. Thus, knowledge of the strength contribution of twin boundaries is 

very important and desirable.  

  In the present study, we use the Hv hardness test to examine the hardness of 

twinned and general boundaries, and then we investigate the Hall-Petch relation plot 

results from the presence of annealing twins. Additionally, it has been proposed that 

the frequency of twin boundaries is a function of material parameters (such as the 

grain size and stacking fault energy) and technological parameters (the temperature or 

the annealing time). In this work, the grain size effect is considered to be the main 

factor. Through the measurement of the grain size and twin density in the various 

annealed samples, a connection between twin density and grain size is evaluated. 

Finally, in order to discuss the interaction between dislocations and twin boundaries, 

the corresponding microstructures were examined using TEM to observe the 

deformation morphologies near twin and general grain boundaries.   

   

3-2. Experimental Procedure 

The material used in the present study was commercial C2600 alpha (α) - brass, 

sometimes also called “cartridge brass”. The chemical composition of C2600 brass is 

Cu-31.6Zn (wt%). The purpose of our study was to investigate the difference of 

strength contribution between twin and general grain boundaries. We utilized a 

hardness tester using a light load of 10 g on 30 large grains and then measured the 

hardness values of localized areas. In this way, the hardness of the localized grain 

boundary, twin boundary, inner twin, and inner grain could all be measured. We 
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obtained 30 hardness values from each of the four types of localized areas and then 

calculated the average values. 

In order to obtain different grain sizes, the 11 samples were subjected to heat 

treatment at different temperatures and times, which are given in Table 1. The 

specimens for optical microscopy (OM) were mechanically polished and then etched 

in a solution of 25% NH4OH, 30% H2O2, and 45% H2O. We measured grain size D, 

which contained only general grain boundaries, using the intersected method, and 

then evaluated the average twin width and twin density, N, which is the number of 

twins per grain. In the previous literature, three different definitions for twin density 

are found. It has been defined as the number of twin interfaces per grain [72,74], per 

given area [15,34] or intersecting a given length [26]. In the present work the first are 

used. Pande et al. [72] have proposed a simple model in which twin density depends on 

the grain size, the relationship of which is given by N=Kt ln(D/D0), where N is the 

number of twins per grain, Kt is a constant, D is the size of the grain, and D0 is the 

grain size at which N=0 (assuming D0 =1µm). If there are ‘n’ grains in a given cord 

length ‘L’, then the number of grain boundary intersections in the length L = n+1~n 

and grain size D=L/n. If twin interfaces are present, each twin will provide two 

additional intersections. Therefore, according to N=Kt ln(D/D0), the total number of 

intersections equals n+2n Kt ln(D/ D0). Thus, the effective grain size, Dg+t, which 

contains the twin boundaries, is given by: 

( ) ( )g+t

t 0 t 0

L L
D

n 2nk ln D / D n 1 2k ln D / D
= =

+ +      
 

or 
( )g+t

t 0

D
D

1 2k ln D / D
=

+  
                                   (14) 

In the present work, the grain size (D) and twin density (N) have been measured, so 

an actual Kt value for the relationship, N=Kt ln(D/D0), in the alpha-brass can be 

determined. The effective grain size, Dg+t, for 11 samples can also be calculated.  
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The hardnesses of 11 as-annealed samples were obtained using hardness testers. 

Because the purpose of our study was to investigate the influence of the presence of 

annealing twins as they relate to hardness, we used a load of 1 kg to make larger 

rhombus areas containing more grains and boundaries. This way, we could measure 

more actual and average hardness values. If the load was too light, the hardness values 

would have diverged enormously because the information from the testing ranges 

would have been localized only at the inner grain or grain boundary. We obtained 48 

hardness values from each heat treatment sample, and then calculated the average 

values.  

In addition to the hardness testers, we also compressed the materials and then 

examined the deformation morphologies by transmission electron microscopy (TEM). 

The materials were first homogenized at 700℃ for 2 hours and then compressed to 55

％ reduction at room temperature, followed by annealing at 500℃ for 45 minutes to 

achieve twins with widths of about 3~8µm. Finally, these specimens were compressed 

to 40％ reduction at room temperature to investigate the deformation morphologies 

near the boundaries. The specimens were then machined into 3 mm diameter 

cylindrical rods. TEM specimens were sliced from these rods, thinned to 0.08mm by 

abrasion with SiC papers, and twin-jet electropolished using a mixture of 25％ nitric 

acid and 75％ methanol at -12℃ with 10 V polishing potential. The thin foils were 

then examined using a JOEL100 CXⅡ TEM operating at 100KV.  

 

3-3. Results and Discussion 

3-3-1. The difference of the hardness values for twinned and general boundaries 

  In order to examine the individual strength contributions of twin and general 

grain boundaries, hardness measurements were obtained by using the light load on the 

localized areas. Figure 3-1 shows the average hardness values of different localized 
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areas. The results shown in Fig. 3-1 indicate that the hardness of the twin boundary 

was a little lower than that of the general grain boundary, and the hardnesses of the 

grain interior and twin interior were lower than the two mentioned above. Figure 

3-1(a) is an OM schematic illustration showing the rhombus marks at the general 

grain boundary, twin boundary, grain interior, and twin interior. The finding of the 

present investigation is that the hardness of the twin boundary was 5Hv (about 5%) 

lower than that of the general grain boundary. That is, the efficiency of strength 

contribution in the twin boundary was 95% of that in general grain boundary. 

Therefore, the findings of hardness measurement show that twin boundaries always 

have a slightly lower value of hardness than the corresponding general grain 

boundaries. 

3-3-2. The relationship between twin density and grain size 

    In order to measure the grain sizes, optical metallographs were obtained from 

the 11 as-annealed samples. The optical microscope observations from six of these 

samples, shown in Fig. 3-2, revealed that the sizes of grains, widths of twins, and 

densities of the twins increased with annealing temperature and time. The 

experimental results regarding measurement of grain size (D), thickness of twins, twin 

densities (N), Kt value, and effective grain size (Dg+t) of samples with different heat 

treatment conditions are given in Table 3-2. The results show that the average 

thickness of the twins and the twins’ densities increased from 2µm to 26µm and 0.78 

to 1.86, respectively, as the grain sizes increased from 14.8µm to 378.6µm. The unit 

of twin density (N) is the number of twins per grain. The relationships between 

thickness, twin density, and grain size (D) are shown in Fig. 3-3 and Fig. 3-4, 

respectively. Because we measured the twins’ density, N, and grain size, D, we were 

able to determine the constant value Kt according to the relationship N=Kt ln(D/D0) 

proposed by Pande et al. [72]. The Kt values for all samples, which had different grain 
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sizes, are also listed in Table 3-2. It is worth noting that the Kt values for different 

heat treatment conditions are near a constant value of ~ 0.3. The Kt value taken from 

nickel in Pande's experiment is about 0.2, but in our experiment, using brass as the 

test object, the Kt value is close to 0.3. Thus, the constant Kt is a material-dependent 

value. However, the exact functional relation of Kt is as yet unknown. According to 

previous reports [73], the stacking fault energy for nickel is about 128mJ/m2, and for 

brass, about 20mJ/m2. It seems quite probable that the primary factor that affects the 

Kt value is the stacking fault energy. 

It should be noted that the relationship between twin density and grain size found 

in this work was obtained through measurement from optical metallographs. However, 

the sectioning plane observed from optical metallographs provides us 

two-dimensional images, so annealing twins growing along other variant directions in 

the three-dimensional specimens cannot been seen. Therefore, the values of twin 

densities measured in the present work may be lower than the actual values. The 

actual correction of twin density remains a matter for further discussion.      

3-3-3. The influence of the presence of annealing twins on the accuracy of 

Hall-Petch relation plot 

    Hall-Petch relationship was determined by using hardness testers with a load of 1 

kg on the 11 as-annealed samples. However, the role of twin boundaries in mechanical 

properties and how they affect the grain size measurement are still controversial. The 

lack of an unequivocal criterion in the treatment of twin boundaries has led to the use 

of two methods of determining the mean grain size in past research. One of these 

methods assumes that twin boundaries should be treated as general grain boundaries, 

while the other method suggests that twin boundaries are of limited significance in 

strength and can be neglected. Thus, the Hall-Petch relationship for polycrystalline 

material containing twin boundaries needs to be examined in detail.  
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    The values of hardness with different heat treatment conditions (11 as-annealed 

samples) are listed in Table 3-3. Figure 3-5 shows two relation plots: one of grain size 

(D) related to hardness (dotted line), and the other the effective grain size (Dg+t) 

related to hardness (solid line). The plot of the effective grain size (Dg+t) related to 

hardness shifts to the right due to the calculation of Dg+t containing twin boundaries, 

so the mean size of Dg+t is smaller than that of D. Figure 3-5 reveals that the plot of 

the grain size (D) related to hardness is not linear, but rather that the slope of the plot 

increases with grain size. As illustrated in Fig. 3-5, the slope (k1) in the large grain 

size range is large than the slope (k2) measured in the small grain size range. 

According to the relationship obtained previously, which relates to the twin density 

and grain size (i.e. N=0.3 ln(D/D0)), the increased slope presented in the large grain 

size range is due to the highly dense twins appearing in the large grain size. In other 

words, the departure of the plot from a linear relation must be due to the presence of 

twin boundaries in the specimens. The plot of the grain size (D) related to the 

hardness obtained from the present work corresponds with the simulation of the effect 

of annealing twins on Hall-Petch relationships proposed by Pande in 2004 [74]. He 

suggested that the slope (k) of the Hall-Petch relationship be modified to keff, which 

depends on the value of grain size, (D) and Kt, and hence the Hall-Petch plot should 

no longer be linear. However, the plot of the effective grain size (Dg+t) related to the 

hardness, the solid line in Figure 3-5, is close to a linear relation. The measurement of 

effective grain size (Dg+t), which is listed in this plot, does contain twin boundaries. 

Therefore, the twin boundaries should be included when we treated the mean grain 

size measurement for a Hall-Petch relation plot. Some past studies have mentioned 

that annealing twin boundaries should be excluded in grain size measurement, which 

is incorrect. Furthermore, the previous hardness tests indicate that twin boundaries 

have only a slightly lower value of hardness than the general grain boundaries. 
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Consequently, the strength contribution of the twin boundaries cannot be neglected.   

Because the efficiency of the strength contribution in the twin boundary was 

95% of that in the general grain boundary, as mentioned above, the twin interface is a 

similar but slightly less effective barrier than the general grain boundary. Thus, a p 

factor (0.95) is introduced to modify eq. (14), yielding an actual grain size Dactual: 

( )actual

t 0

D
D

1 2pk ln D / D
=

+  
                 (15) 

The actual grain sizes, Dactual, with different heat treatment conditions are also given 

in Table 3-2. The Hall-Petch relation plot of hardness and actual grain size (Dactual), 

represented by the dashed line, is presented in Figure 3-5. Therefore, the accurate 

Hall-Petch plot with the presence of annealing twins has been obtained. This accurate 

Hall-Petch plot was shifted slightly to the left from the plot of the effective grain size 

(Dg+t) related to hardness. In summary, the twin boundaries must be included in grain 

size measurement when describing a Hall-Petch relation plot, and the effect of twin 

boundaries on the strength can be regarded as nearly the same as that of general grain 

boundaries.  

3-3-4. TEM observation of twin boundary 

    The result presented in the previous hardness tests indicates that the hardness 

values of twin boundaries are close to the values of general grain boundaries. 

However, the hardness of the twin boundary was in fact 5Hv (about 5%) lower than 

that of the general grain boundary. Recent studies have indicated that the existence of 

twin boundaries has an extremely effective contribution on the ductility of copper 

[60,66-69]. It implies that the interaction of dislocations and twin boundaries is perhaps 

different from that with general grain boundaries. Several early studies proposed some 

mechanisms to analyze the interaction between dislocations and twin boundaries [55-57]. 

They suggested that dislocations approaching twin boundaries could propagate into 



 

 54 

the adjacent grain by cross-slip at the boundary or combined with dissociation within 

the boundary plane. However, the mechanisms proposed in the early literature lack 

TEM observations to support them. In the following pages, these two kinds of 

situations for dislocations approaching twin boundaries will be observed and 

discussed separately. 

    In order to observe the interaction between slip dislocations and annealing twin 

boundaries, the corresponding microstructures of the compressed material were 

examined using TEM. First, we observed the morphologies of the slip near the 

general grain boundaries in the compressed materials. As presented in Fig. 3-6 (a), the 

general grain boundary blocks the slip lines passing through the boundary effectively. 

Figure 3-6 (b) also shows the micrograph of the slip lines near the general grain 

boundaries in the triple junction and illustrates that the direction of the slip lines in 

each of the three grains was different. In other words, the general grain boundary was 

a barrier to slipping, and the slip lines were discontinuous in the grain boundary. The 

images show the bright and dark contrasts in the three adjacent grains due to the 

difference in orientation of the three distinctive grains. 

    After observing the interaction between slip lines and the general grain boundary, 

the interaction of slip lines with the twin boundary will be discussed. Figure 3-7(a) 

shows evidence of cross-slipping when slip lines approach twin boundaries. We can 

see the two series of slip lines in the dark rectangular twin and adjacent matrix grain, 

and one of the two series of slip lines in the left matrix grain has passed through the 

adjacent twin successively, as indicated by arrows. Figure 3-7(b) is a magnification, 

and shows obviously characteristics of cross-slip. Figure 3-7(c) and Fig. 3-7(d) are, 

respectively, selected area diffraction patterns from the left matrix grain and the right 

rectangular twin. The indexing of Figure 3-7(c) and (d) is presented in Fig. 3-7(e). 

Figure 3-7(f) shows a stereograph projective representation of the twin relationship. 
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The analysis of orientation relationship (OR) obtained from diffraction patterns shows 

that the OR is deviated a little (rotation of 5.77°along [101] axis) from a twin 

relationship. This deviation may be due to the compression on the material. 

    Figure 3-8 (a) is another TEM micrograph, showing that cross-slipping occurred 

in slip-twin interaction. The magnification (Fig. 3-8 (b)) clearly shows that the slip 

lines can always penetrate into the adjacent twin grain by cross-slip, and the twinned 

interface is very smooth and coherent. Figures 3-8(c) and Fig. 3-8(d) are selected area 

diffraction patterns taken from the left twin grain and the right matrix, respectively. 

The indexing of these diffraction patterns is illustrated in Fig. 3-8(e). The diffraction 

pattern (Fig. 3-8(c)) confirms that the slip plane in the fcc crystal is {111} plane. 

Figure 3-8 (f) shows a stereographic projection representing the twin orientation 

relationship. The zone axis [112 ]t // [172 ]m obtained from diffraction patterns (Fig. 

3-8(c)-(d)) indicates that the OR for the two grains presented in Figure 3-8 (a)-(b) is a 

standard twin orientation relationship.  

    Figure 3-9 also displays the phenomenon of cross-slipping when slip lines 

encounter a twin boundary. The diffraction pattern inserted in Figure 3-9 (a) displays 

a deviation from the standard twin orientation relationship by a rotation of 8° about 

the zone of [ 011 ]t,m. The material being deformed by compression leads to a rotation 

between twin and matrix grains, and creates a deviation from twin OR. The diffraction 

pattern also shows that the obstacle twin plane and slip planes produced in the twin 

and matrix grains are near (111)t,m, ( 111 )t and ( 111 )m, respectively. Since the 

cross-slipping only occurs when the Burger vector of slip line is parallel to the slip 

plane-twin boundary intersection, the possible Burger vector of slip lines presented in 

Figure 3-9 (a) is ±1/2 [ 011 ]. The magnifications of the characteristics of 

cross-slipping are presented in Figure 3-9 (b)-(c); slip lines penetrate into the adjacent 

twin grain successfully.   
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The TEM observations presented in Figures 3-7 to 3-9 indicate that 

cross-slipping easily occurs when slip lines approach a twin boundary. It seems quite 

probable that this phenomenon of cross-slipping is the cause of the slightly lower 

value of hardness of twin boundaries as compared to general grain boundaries. 

However, cross-slipping is not only interaction when dislocations encounter a twin 

boundary. If we assume the obstacle twin plane and incident slip plane are (111) and 

(111), respectively, then the possible Burger vectors of perfect dislocations are ±1/2 

[ 011 ], ±1/2 [110] and ±1/2 [101]. The first dislocation is parallel to the slip plane-twin 

boundary intersection, and would propagate across the twin by cross-slip: 

                        1/2 [ 011 ] → 1/2 [ 011]T                       (16) 

This simple situation has already been observed and considered above. However, the 

other dislocations (i.e. ±1/2 [110] and ±1/2 [101]) can only be incorporated in the twin 

by means of the dissociation reactions at the twin boundary. These dissociation 

reactions can be written as: 

                   1/2 [110] → 1/2 [101]T + 1/6 [ 211 ]                  (17) 

                  1/2 [110] → 1/2 [110]T + 2 × 1/6 [112 ]                (18) 

Each dislocation dissociates into one slip dislocation in the adjacent twin and a partial 

dislocation, which describes the step left at the interface. We will discuss this situation 

below.  

    Figure 3-10 shows the TEM micrograph for slip-twin interaction; the 

cross–slipping was not observed at the twin interface. As presented in Fig. 3-10 (a)-(c), 

the twin boundaries resisted the propagation of the slip lines. We can predict that the 

twin boundaries should also obstruct slipping effectively. It must be noted that the 

twin interface is not smooth and coherent; several steps appear at the twin interface. 

Previous studies have revealed that the dissociations of dislocation can generate 

residual ledge left at twin boundary [75]. We may say that these steps are evidence of 
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the dissociations of dislocations. In other words, a perfect dislocation encountering a 

twin boundary can dissociate a partial dislocation left at the twin interface and create a 

step on the twin boundary. Figure 3-10 (b) clearly shows these steps (as marked by 

arrows), which result in an imperfect twin interface. The magnification (Fig. 3-10 (c)) 

shows that the slip line, obstructed by the twin boundary, cannot penetrate the twin 

boundary into the adjacent twin grain. Figure 3-10 (d) and Fig. 3-10 (e) are selected 

area diffraction patterns taken from the twin grain and the matrix, respectively. The 

information obtained from diffraction patterns indicates that the OR between two 

grains is deviated slightly from twin OR, as illustrated in Fig. 3-10 (f). That is, the 

grains must be distorted or rotated under a high load of compression.  

    The phenomenon of the steps (or ledges) left at a twin boundary when slip lines 

encounter the boundary was also observed in another TEM micrograph (Figure 3-11). 

Figures 3-11(a)-(c) show that the twin boundary resisted the direct cross-slipping of 

slip lines, forming several ledges at the junctions of slip lines and twin boundary. 

These ledges provide strong evidence of the dissociated partial dislocations left at the 

twin boundary. It was noticed that two series of slip lines intersected each other in the 

dark twin grain interior. The selected area diffraction patterns taken from the twin 

grain and the matrix are shown in Fig. 3-11 (d) and Fig. 3-11 (e), respectively. The 

diffraction patterns and stereographic projection (Fig. 3-11 (d)-(f)) show a deviation 

from the standard twin orientation relationship by a rotation of 10° about the zone of 

[112]m. This deviation is also due to the compression on the material.  

    Figure 3-12 shows another TEM micrograph for the deformed twin interface. As 

presented in Fig. 3-12 (b)-(c), the slip lines cannot penetrate into the twin boundary 

directly, and several bulges at the intersected points on the twin boundary were 

observed. The magnification of the bulge is shown in Fig. 3-12 (d); the twin boundary 

is not continuous at this bulge region. It is possible that the cause of the bulge (or 
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un-continuous region) is the accumulation of the dissociated partial dislocations left at 

the twin boundary. Therefore, the results presented in Figures 3-10 to 3-12 show that 

cross-slipping can be blocked by a twin boundary, with resulting steps (or ledges) on 

the twin interface. These steps provide evidence for the dissociations of dislocations. 

Figure 3-13 (a)-(b) also shows a similar characteristic, that a twin boundary can resist 

the direct progress of cross-slipping, with the resultant formation of ledges.  

    In summary, as illustrated in Figure 3-14, the TEM observations provided us 

clear evidence to support the two situations when dislocations encounter a twin 

boundary. One is cross-slipping; the slip lines penetrate into the adjacent twin grain by 

cross-slip. The other is dislocation dissociation; slip lines cannot penetrate into the 

twin boundary directly, except for the dislocations dissociated at the twin boundary. It 

should be noted that the reactions of dislocation dissociations are energetically 

unfavorable and need further stress to achieve them. That is the reason why the 

strength contribution of the twin boundaries cannot be neglected. Additionally, it is 

well known that the activation of lattice dislocations at nano grain sizes becomes 

more difficult, and thus, plastic deformation becomes more limited. A recent study 

found that nano-scale twins not only maintain strength but also provide a significant 

promotion to ductility [60,66-69]. This condition solves the problem of material 

brittleness when the grain size is in the nanocrystalline range. The reason for the twin 

boundary possessing extremely high ductility may be the release of dissociated partial 

dislocations at the twin boundary. In other words, continued shear of the twin 

boundary may cause three partial dislocations to coalesce, producing a dislocation 

with a Burger vector of 1/2 [ 211 ] (i.e. 3×1/6 [ 211 ]). This dislocation will then 

dissociate according to the following reaction: 

                   1/2 [ 211 ] → 1/2 [110 ] ＋ 1/2 [101]                 (19) 
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Here, coalescence of partial dislocations produces two perfect dislocations lying in the 

(111) twin boundary. Therefore, the release of these coalescent partial dislocations at 

the twin boundary may accommodate plastic strain, thus improving the ductility of the 

material. 

In addition to the slip lines, large numbers of deformation twins were also 

created in the deformed brass, as presented in Figures 3-15 and 3-17. Recently, Suresh 

et al. synthesized high-purity Cu samples with nanoscale growth twins using a pulsed 

electrodeposition technique, and proposed that a high density of nanoscale twins in 

the large grain would be an optimal choice for the microstructure design [60,66-69]. 

Extremely high strength and ductility have been found in this microstructure design. 

Note that this optimal microstructure was also obtained by using compression on the 

α-brass in the present work.  

 

3-4. Conclusions 

The following conclusions were reached in this study: 

1. Hardness measurement showed that the hardness of the twin boundary was a little 

lower (about 5Hv) than that of the general grain boundary. It seems quite probable 

that the efficiency of strength contribution in the twin boundaries was 95% of that 

in the general grain boundaries. 

2. Measurements of twin thickness, twin density (N), Kt values, and grain size (D) 

have been obtained from different heat treatment conditions in C2600 brass. The 

average thickness of the twins and the twins’ densities increased from 2µm to 26µm 

and 0.78 to 1.86, respectively, as the grain sizes increased from 14.8µm to 

378.6µm.  

3. The results of this study reveal that annealing twin density depends on the grain 

size. Pande's experiential equation for calculating the annealing twin density (N=Kt 
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ln(D/D0)) agrees well with our experimental results. The material dependent value, 

Kt value, in Pande's experiential equation for C2600 brass was measured to be 

about 0.3. 

4. The results of hardness testing revealed that the plot of the grain size (D; i.e., 

measurement excluding twins) related to the hardness is not linear; the slope of the 

plot increases with grain size. That is, the strength contribution of the twin 

boundaries cannot be neglected, and the annealing twin boundaries must be 

included in grain size measurement. 

5. The TEM micrographs show two situations when dislocations encounter a twin 

boundary. One is cross-slipping; the slip lines penetrates into the adjacent twin 

grain by cross-slip. The other is dislocation dissociations; slip lines cannot 

penetrate into the twin boundary, except for the dislocations dissociated at the twin 

boundary. The observation of the steps (or ledges) left at the twin boundary are 

evidence of the dislocation dissociations. 

6. The dissociations of dislocations at the twin boundary play an important role in the 

mechanical properties. The energetically unfavorable dissociated reactions and the 

coalescent partial dislocations released at the twin boundary contribute to the 

strength and ductility, respectively. That is the reason why the twin boundaries have 

maintained strength and excellent ductility.  
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Table 3-1. Heat treatments of different samples 

1 2 3 4 5 6 7 8 9 10 11 

400°C 

2hrs 

450°C 

1.5hrs 

450°C 

2hs 

500°C 

1.5hrs 

500°C 

2hrs 

550°C 

1.5hrs 

550°C 

2hrs 

600°C 

1.5hrs 

600°C 

2hrs 

650°C 

2hrs 

700°C 

2hrs 

 

 

 

 

Table 3-2. Experimental results of the density (N), thickness, Kt value, effective grain 

size (Dg+t), and actual grain size (Dactual). 

Grain size (µm) 14.8 18.1 29.9 48.2 64.3 75.2 120.4 142.2 183.4 302.2 378.6 

N 0.78 0.87 1.05 1.15 1.25 1.30 1.39 1.52 1.64 1.85 1.86 

Kt 0.2900 0.2998 0.3087 0.2966 0.3006 0.2999 0.2906 0.3075 0.3140 0.3230 0.3140 

Thickness (µm) 2.0 3.2 5.2 6.6 7.5 9.0 14.3 16.0 16.1 23.9 25.9 

Dg+t (µm) 5.8 6.6 9.6 14.6 18.4 20.9 31.8 35.1 42.9 64.4 80.0 

Dactual (µm) 6.0 6.8 10.0 15.1 19.0 21.7 33.0 36.5 44.6 67.1 83.4 

 

 

 

 

Table 3-3. The values of hardness with different grain sizes (D) 

Grain size (µm) 14.8 18.1 29.9 48.2 64.3 75.2 120.4 142.2 183.4 302.2 378.6 

Hardness (Hv) 124.7 

±3.3 

121.5 

±5.2 

115.0 

±9.3 

110.58 

±7.1 

109.5  

±9.0 

109.3  

±7.0 

98.0 

±7.0 

101.7 

±4.4 

94.8  

±7.8 

94.7  

±8.0 

85.8  

±5.5 
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Fig. 3-1.  The average hardness values of localized areas. Fig. 3-1(a) is an OM 

schematic illustration showing the rhombus marks at the general grain boundary, twin 

boundary, grain interior and twin interior. 
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Fig. 3-2. Optical metallographs resulting from annealing at (a) 450℃, 1.5hrs (b) 

500℃, 1.5hrs (c) 550℃, 1.5hrs (d) 550℃, 2hrs (e) 600℃, 2hrs (f) 650℃, 2hrs. 
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Fig. 3-3.  Relationship between thickness and grain size (D) 
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Fig. 3-4.  Relationship between twin density (N) and grain size (D), in which twin 

density (N) is the number of twins per grain.  
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Fig. 3-5.  The Hall-Petch plots with different grain size measurement. The plot of the 

grain size (D, excluding twin boundaries) related to hardness is not linear, and the 

slope of the plot increases with grain size. The slope (k1) in the large grain size range 

is large than the slope (k2) measured in the small grain size range. 
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Fig. 3-6. TEM images showing slip lines near the general angle boundaries. (a) The 

slip lines were resisted by the general grain boundary. (b) The slip lines near the triple 

junction, and the direction of the slip lines in each of the three grains was different. 
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Fig. 3-7. (a) and (b) TEM images showing the slip lines in the grain cross-slipped to 

the twinning boundary and stretched continually through the adjacent twin, as 

indicated by arrows. (c) and (d) are, respectively, selected area diffraction patterns 

(SADP) from the left matrix grain and right rectangular twin. (e) Indexing of (c) and 

(d). (f) Stereographic representation of twin relationship. 
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Fig. 3-8. (a) and (b) TEM images showing the slip lines penetrate into the adjacent 
twin grain by cross-slip. (c) and (d) are SADP from the left twin and right matrix, 
respectively. (e) Indexing of (c) and (d). (f) Stereographic representation representing 

twin relationship by a rotation angles of 70.52˚about [110 ] zone.
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Fig. 3-9. (a) TEM image showing the cross-slipping occurred at twin interface. The 

diffraction pattern inserted below reveals a slight deviation from the twin OR by a 

rotation of 8° about the zone of [ 011 ]t,m. (b) and (c) are magnifications of the 

characteristic of cross-slipping.  



 

 72 

 

 
 

 
 

Fig. 3-10. (a) and (b) TEM images showing the slip lines near the twin boundary. The 

twin boundary resisted the propagation of the slip lines. Several steps (or ledges) 

appear at the twin interface, as marked by arrows.  
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Fig. 3-10. (c) The magnification of the steps (intersection) between slip line and twin 

interface. (d) and (e) are SADP taken from the adjacent two grains. (f) Stereographic 

representation of twin relationship. 
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Fig. 3-11. (a) and (b) TEM images showing the slip lines near the twin boundary. The 

twin boundary resisted the propagation of the slip lines. Several steps (or ledges) 

appear at the twin interface, as marked by arrows. 
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Fig. 3-11. (c) The magnification of the steps between slip line and twin interface. (d) 

and (e) are SADP taken from the adjacent two grains. (f) Stereographic representation 

of twin relationship. 
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Fig. 3-12. (a) TEM images showing the twin boundary obstructed the propagation of 

the slip lines. (b) Several steps (or ledges) appear at the twin interface, as marked by 

arrows.  
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Fig. 3-12. (c) and (d) TEM images showing the magnifications of the steps (or ledges ) 

between slip line and twin interface. 
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Fig. 3-13. (a) and (b) TEM images showing the cross-slipping can be blocked by twin 

boundary, and formed several steps (or ledges) on the twin interface. 
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Fig. 3-14. Schematic summary of the interactions between dislocation and twin 

boundary in the f.c.c. crystal [55].  
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Fig. 3-15.  (a) and (b) TEM images showing the thin deformation twins appeared in 

the annealing twin interior, and all of the deformation twins were discontinuous at the 

annealing twin boundary. (c) The corresponding TEM dark-field images for matrix. (d) 

The corresponding TEM dark-field images for deformation twin.  
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Fig. 3-16.  (a) TEM images showing the thin deformation twins formed in the 

annealing twin interior, and all of the deformation twins were discontinuous at the 

annealing twin boundary. (b) The selected area diffraction pattern (SADP) from 

annealing twin interior.  
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Fig. 3-17.  (a) and (b) The TEM bright-field images of the deformation twins. The 

secondary deformation twins also formed in the deformation twin interior, as marked 

by arrows.  
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Fig. 3-17.  (c) and (d) The high-resolution TEM images of the deformation twins. 
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Chapter Four 

The observations of transformation twins in plate martensites  

 

4-1. Introduction 

    The morphologies and internal structures of martensites in Fe-Ni, Fe-Cr alloys 

have been intensively investigated by Wayman et al. [111,113-115].  In these alloy 

systems, there are primarily three different morphologies, namely lath, thin plate, and 

lenticular, depending on the alloy composition and martensite start (Ms) temperature. 

Lath martensite forms in the highest temperature range and contains a high density of 

dislocations. Thin-plate martensite, which forms in the high chemical composition 

alloys in the lowest temperature range, is composed of a set of regularly spaced 

transformation twins crossing throughout the plate [112,143]. Lenticular martensite 

forms at an intermediate temperature between lath martensite and thin plate 

martensite; it takes on a lens-like morphology and contains three regions: the midrib, 

extended twinned region, and untwinned region [111-120,152-153]. These substructures 

have been considered to be evidence of the lattice invariant shear of the martensite 

transformation. The substructures of lenticular martensite are much more complicated 

than those of other types. In the optical metallographs, the midrib appears as a straight 

line dividing the lens-like structure in half and giving it a symmetrical feature. 

Previous findings have shown that the midrib of lenticular martensite is (1) the place 

where shearing (transformation) begins, (2) a region which contains a high density of 

{112} transformation twins, and (3) the plane which has a habit plane character. 

Although there are considerable reports on the martensite midrib [111-120,152-153], the 

detailed substructures and formation of the midrib have not been clarified yet. 

Furthermore, it has been proposed that the variability in martensite substructures was 
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observed from plate to plate. Therefore, it is important and desirable to conduct 

further detailed observations of martensites.  

    Shimizu et al. [112] studied Fe-Ni and Fe-Ni-Co alloys and asserted that the 

midrib region had a different orientation from its surrounding extended twin region. 

On the other hand, Shibata et al. [152,153] investigated the thin plate martensite in 

Fe-31Ni-10Co-3Ti (wt%) alloy, which grew into a lenticular shape by 1% tensile 

deformation at a temperature slightly higher than its Ms temperature. The deformed 

thin plate martensite has substructures similar to the lenticular martensites in Fe-31Ni, 

Fe-33Ni and Fe-20.5Ni-35Co (wt%) alloys. The effect of the deformation on thin 

plate martensite caused the originally existing twins in the thin plate martensite to be 

extended outwards to a range of about several hundred nm.  From the result of a 

comparative elaboration, they claimed that the midrib in lenticular martensite is thin 

plate martensite itself at the earliest stage formation of lenticular martensite.  

However, their explanation for the transition from thin plate martensite to lenticular 

martensite is still debatable. Direct TEM observation in the same alloy, without 

resorting to mechanical treatment, is required. Although there are several fundamental 

difficulties in assessing the substructure of lenticular martensite, such as sectioning 

and accommodation-distortion effects, TEM investigation continues to assume greater 

significance in research. In this work, it has been found that thin-plate and lenticular 

martensites co-existed in the specimens of AISI 440C stainless steel. This condition 

facilitated the efforts of TEM investigation. 

 

4-2. Experimental Procedure 

The as-received material was a commercial wrought AISI 440C stainless steel 

bar (with a diameter of 29 mm) produced by Gloria Material Technology Corporation 

through four-folded forging of a cast slab at 1130℃ and annealing at 870℃ for 8hrs, 
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followed by furnace cooling to ambient temperature (as shown in Fig. 4-1). The 

chemical composition of the steel is listed in Table 4-1. 

    The pieces of steel rod (3 mm diameter) were machined from the half radius 

position of the original bar, and homogenized at 1200˚C for 3 days in quartz capsules 

containing pure argon, with subsequent quenching to room temperature. In order to 

obtain the plate martensites, the rod-specimens were then subzero cooled by 

immersion into 1000 ml liquid nitrogen (-196˚C) in a vessel for different holding 

times (5 s, 8 s, 10 s, 12 s, 16 s and 30 min). The thermal process was presented in the 

Figure 4-2. The Ms temperature was measured via a TA differential scanning 

calorimetry (DSC) during the course of cooling at the rate of 10˚C /min.  

The corresponding microstructures were examined by using optical microscopy 

(OM) and transmission electron microscopy (TEM). Both specimens were cut from 

the rod-specimens. After the decarburization layer had been removed, an optical 

metallography (OM) sample was mechanically polished and etched in a mixture of 40 

ml HCl, 25 ml ethanol, 30 ml distilled water and 5 g CuCl2. TEM samples were sliced 

from the rod-specimens, thinned to 0.08mm by abrasion with SiC papers, and then 

twin-jet electropolished using a mixture of 5% perchloric acid, 25% glycerol, and 

70% ethanol at 5~10˚C with 35~40 V polishing potential. The thin foils were then 

examined using an FEI Tecnal G2 20 TEM operated at 200KV. 

 

4-3. Results and Discussion 

4-3-1. The observation of microstructure in the homogenized specimen 

The optical micrograph obtained from the homogenized sample is shown in Fig. 

4-3. As can be seen in that figure, white islands are embedded in the grain boundaries 

of the matrix. According to the phase diagram of the corresponding composition (Fig. 

4-4), the matrix is austenite phase (γ), and the white islands are M7C3 carbides which 
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did not dissolve in the γ matrix. As shown in Fig. 4-3(b), the band structures (marked 

by arrows) were revealed when we etched specimen more heavily. These band 

structures were annealing twins of the γ matrix, which formed during the 

homogenization treatment. The clear configuration of annealing twins can be 

observed in the scanning electron micrograph (Fig. 4-5). The identification of M7C3 

carbide was obtained via the electrical diffraction pattern analysis (as shown in Fig. 

4-6).  

4-3-2. DSC, OM and SEM analysis in the martensite transformation 

The Ms temperature was measured to be -48˚C via a DSC tester (as shown in 

Fig. 4-7(a)). Figure 4-8 is an X-ray diffraction analysis of the DSC sample cooled to 

below Ms temperature (<48˚C). Fig. 4-8 reveals that this cooled sample contained the 

f.c.c. structure (retained austenite) and b.c.c. structure (martensite). It is noted that 

thin plate martensite was seen in the DSC sample cooled to -55˚C (as displayed in Fig. 

4-7(b)), and lenticular martensite in the DSC sample cooled to -150˚C (as presented 

in Fig.4-7(c)). The results are not consistent with the general proposition that 

lenticular martensite forms at a higher temperature than thin plate martensite.  

In order to explain this controversial finding, the homogenized specimens were 

machined into 3 mm diameter cylindrical rods of 6mm length for further investigation. 

The rod-specimens were then subzero cooled by immersion into 1000 ml liquid 

nitrogen (-196˚C) in a vessel for different holding times. The series of optical 

metallographs presented in Figures 4-9(a)–(f) were obtained from the specimens 

subzero cooled at -196˚C for 5 s, 8 s, 10 s, 12 s, 16 s and 30 min, respectively. 

Figures 4-9 (a)–(f) reveal that the time of martensite nucleation in 440C stainless steel 

is about 5s, and that the martensites had grown completely after 12s. Figures 4-9 

(a)–(c) show that martensites first nucleated at the prior austenite grain boundaries 

and primary carbides owing to favorable energy. The number of martensite plates 
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increases with the time, and the plates which are the first to form tend to span their 

parent austenite grains and appear as burst- or Z-formations. The results in our 

experiment indicate that although martensite grows at voice speed, it needs time to 

nucleate. As can clearly be seen, the typical thin plate martensite (as shown in Figure 

4-9 (a)–(c)) forms at the earliest stage of the transformation, and the typical lenticular 

martensite (as shown in Figures 4-9 (d)–(f)) occurs after prolonged holding. It is 

notable that both lenticular and thin plate martensites coexist, as presented in Figures 

4-9 (d)–(f) . Thin plate martensite has a morphology quite distinguishable from that of 

lenticular martensite. The thin plate martensite exhibits a very narrow plate with a 

thickness of 1 – 3 µm and has an apparent aspect ratio (length/thickness) of 20/1 or 

greater. On the other hand, the lenticular martensite has smoothly curved interfaces 

and a larger thickness of 2 – 8 µm, with a much smaller apparent aspect ratio 

(length/thickness) of 5/1. Both Figure 4-7 and 4-9 provide strong evidence to suggest 

that thin plate martensite formed at the earliest stage and can be transformed into 

lenticular martensite. 

Figure 4-10 is an optical micrograph taken from the specimen subzero cooled at 

-196˚C for 30 min. Both lenticular and thin plate martensites co-exist, as presented in 

Fig. 4-10. Scanning electron micrographs obtained from the same specimen are 

shown in Fig. 4-11 to Fig. 4-14. Fig. 4-11(a) shows the martensites growing in 

irregular directions, and the range of the martensite size varies greatly. Figure 4-11(b) 

shows that the large martensite plates, which form first, tend to span their parent 

austenite grains and effectively partition the austenite, thus limiting the sizes of the 

plates that subsequently form. Figure 4-12 (a) shows the midrib, which is apparent as 

a very straight thin region dividing the plate in half. Microcracking can be observed in 

Fig. 4-12 (b). The phenomenon of microcracking results from martensites forming on 

nonparallel variants; successive generations of plates with irregular directions 
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impinge on those plates formed earlier. Therefore, microcracking is often the means 

of accommodation. It is worth noting that the small needle-shaped martensites (thin 

plate martensite) can be observed in the Fig. 4-13, as marked by arrows. This seems to 

be an early stage product or a newborn martensite in the transformation. The result 

also confirms the suggestion that thin plate martensite is an initial formation in the 

transformation. This newborn thin plate martensite is also visible in Figs. 4-14 (a) and 

(b), as marked by arrows. Notably, the transformation twins were observed slightly in 

the early formed martensite (marked by double-arrows). Detailed observations of 

transformation twins were obtained in the following TEM micrographs.  

4-3-3. TEM observation on substructures in the martensite transformation 

    Substructures of thin plate martensite and lenticular martensite in the 

homogenized specimens subzero-cooled at -196˚C for 30 min were investigated by 

TEM. 

4-3-3-1. Thin plate martensite 

Figure 4-15 shows the substructures of a thin plate martensite with a plate 

thickness of about 600 nm, in which a set of uniformly-spaced highly dense internal 

transformation {112} twins crosses throughout the plate. The morphology of the 

twinned substructure is highly dependent on the orientation of the thin foil. The zone 

axis ]131[ m // ]311[ t  was chosen as shown in Figures 4-15 (d), and the twin 

planes )112( exhibited an edge-on configuration to the incident electron beam 

direction. The 24 equivalent axis/angle pairs for twin relationship were shown in 

Table 4-3. Along the parallel twinning planes, the disconnected junctions can be 

identified as indicated by arrows. Therefore, a narrow band about 60 nm in width 

along the center of the plate can be identified as the midrib. This result suggests that 

after the midrib is formed, there is a particular period of stasis growth in the earliest 

stage of the martensitic transformation. Figure 4-16 is a TEM micrograph of another 
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thin plate martensite, in which the transformation {112} twins also crosses throughout 

the plate. The magnifications for the central region of the martensite plate were shown 

in Fig. 4-16(b)-(e), the disconnected junctions can also be observed as indicated by 

arrows. On the other hand, Figure 4-17 shows another example of TEM investigation 

of the thin plate martensite; a set of )211(  transformation twins is not uniform in 

width, and no apparent mid-rib at the center region of the plate can be seen. It is noted 

that the twins are bent in the regions near both interfaces. The bending phenomenon is 

presumably due to the accommodation effect, and possibly raises the difficulty in the 

observation of the mid-rib. A similar result has previously been reported for an 

Fe-1C-8Cr (wt%) alloy [113]. The similar morphology of another thin plate martensite 

was shown in Figure 4-18, in which the transformation twins is not uniform in width 

and midrib region is not obvious.  

4-3-3-2. Lenticular martensite 

Figure 4-19 shows the substructures of a lenticular martensite, where the high 

density transformation twins appeared at the central region of the martensite platelet. 

This region appears to be the midrib region. The TEM selected-area diffraction 

pattern with zone ]131[ m // ]311[ t, as shown in Fig. 4-19 (d), confirms that the 

transformation twin is the {112} system. Figure 4-20 presents TEM micrographs of 

another martensite plate. Although the density of twins is lower than that in Fig. 4-19, 

the twins in the central (midrib) region are observed to have a slightly higher density 

as compared to the surroundings. It is worth noting that the twins are bent at the 

midrib region.   

Figures 4-21 and 4-22, TEM micrographs of more lenticular martensite plates, 

show that the martensite transformation is initiated at the midrib region, and that the 

growth of lenticular martensite accompanies the extension of twins. However, the 

degree of the extension of the transformation twins is not the same. Some twins grew 
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almost completely through the plate, but some twins stopped growing midway; this 

might be due to the effect of the latent heat of transformation. In other words, the heat 

evolved from the twins which grew previously, interrupting the subsequent growth of 

adjacent twins starting from the midrib. The transformation heat is in an adiabatic way 

and should lead to a local temperature rise in lenticular martensite plate during growth. 

Compared with the transformation twins in Fe-Ni alloys, the transformation twins in 

high-carbon steels are thicker, and the thickness and spacing are irregular. The 

thicknesses of the twins increased with the extensions of the twins. It can be seen that 

the midribs (as shown in the area marked A in Fig. 4-21(b) and 4-22 (a)) have the 

width of about 100-150 nm. As shown in Fig. 4-22, a long narrow structure, marked D, 

was observed near the M/A interface of the lenticular martensite. This long narrow 

structure is composed of numerous thin twins. It is possible that this long narrow 

structure is an early stage product or a newborn martensite (i.e. thin plate martensite) 

in the transformation. A diffraction pattern taken from the midrib region is shown in 

Fig. 4-22 (d). The dark-field images presented in Fig. 4-22 (b) and Fig. 4-22 (c) were 

obtained by using (200)t and (101)m reflections, respectively. The diffraction 

analysis revealed the zone axis [141]m // [011]t , which is a twin relationship, as 

illustrated in Table 4-2. The stereographic representation of twin relationship was 

shown in Fig. 4-22(e).  

It should be noted that the high density twin region in Fig. 4-23 is not located in 

the central region. This phenomenon of high density twins occurring near the 

boundary is due to the section effect. As illustrated in Fig. 4-23 (e), if the section of 

TEM foils is along the B section, the high density twins appear near the boundary. 

Contrarily, if along the A section, the standard morphology, that high density twins 

occur at the central region, can be observed.  
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Fig. 4-24 is a very rare TEM micrograph, as the substructures revealed in this 

figure contain two configurations simultaneously: one with a characteristic midrib due 

to twins which at the midrib region do not extend completely (marked A), and the 

other with no characteristic midrib due to twins extending completely (marked B). In 

other words, we fortuitously acquired a micrograph containing two configurations in 

the same martensite platelet. The reason for this is also due to the un-distributed heat 

evolved during the transformed burst. Of note, a large number of stacking faults can 

be seen near the surrounding austenite matrix, labeled as C in the Figure 4-24 (b). The 

resulting defects introduced into the austenite and the intrinsic stacking faults in the 

austenite can be inherited by the martensite that subsequently forms. The diffraction 

analysis revealed the zone axis [151]m  // [111]t , which is a twin relationship, as 

illustrated in the stereographic representation (Figure 4-24 (e)). The bent twins can be 

observed near the midrib region, as marked by arrows in Fig. 4-24(a) and (b). 

Although twinned bends near the midrib region have been observed in previous 

studies, their cause is not clear. The details of this phenomenon will be discussed 

below.  

4-3-3-3. The origin and characteristic of midrib region 

    Typical substructures of lenticular martensite are shown in Figure 4-25. The 

montages of TEM bright-field and dark-field images (Figures 4-25 (a) and (b)) reveal 

three sub-zones: the midrib, extended twinned region, and untwinned region. It can be 

seen that the midrib (as shown in the area marked A in Figure 4-25 (a)) has a width of 

about 100 nm running centrally along its axis. The extended twins give a lens-like 

feature; they emanate laterally from the midrib region and form a symmetrical pattern 

of parallel vertex-pillars. The extension of twins is extremely rugged (as shown in the 

area marked B in Figure 4-25 (a)). Some twins have grown to a length greater than 
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1500 nm, but some twins are smaller than 300 nm. The thickness of the twins 

(ranging from 50 nm to 200 nm) also increased with the increase of the amount of 

extension. The TEM results provide strong evidence to suggest that the martensite 

transformation is initiated at the midrib region, and that the growth of lenticular 

martensite accompanies the extension of twins. Of note, the extended twins can not 

grow uniformly in the Fig. 4-25 (a). As mentioned in Fig. 4-21 and 4-22, it might 

possibly be due to the latent heat effect.  

Since the overall transformation of lenticular martensite is diffusionless, the 

untwinned region (as marked C in Fig. 4-25 (a)) is essentially associated with another 

lattice-invariant deformation mode, slip, which must involve the twinning elements, 

so that the perfect dislocations (acting as emissary dislocations) can slip along the 

twinning plane subsequently. The conservative movement of perfect dislocations 

plays a key important role in the formation of the untwinned region. In the Fig. 4-25 

(a), the untwinned region can be seen to have some planar faults and dislocations. The 

defects associated with martensitic plate can be attributed to the fact that the shape 

deformation accompanying the martensitic transformation is accommodated by plastic 

relaxation.  

As shown in Fig. 4-25 (a), a long narrow structure, marked D, was also observed 

near the M/A interface of the lenticular martensite. This long narrow structure is about 

200nm wide and is composed of numerous thin twins. It was deduced that this long 

narrow structure may be a newborn martensite (i.e. thin plate martensite) in the 

transformation. Figure 4-25 also shows that the area surrounding the M/A interface 

consists of a large number of stacking faults. These stacking faults can be inherited by 

the martensite that subsequently forms. Thus, we expect that the long narrow structure 

may be a newborn martensite which nucleated from the stacking faults. The dark-field 

images presented in Fig. 4-25 (b) and Fig. 4-25 (c) were obtained by using 
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(200)t and (101)m reflections, respectively. 

Figure 4-26 shows TEM micrographs of another lenticular martensite. The 

midrib region with 200 nm in width is visible. The thicknesses of the twins increased 

with extension. The TEM selected-area diffraction pattern with a zone [113]m // 

[113]t , as shown in Fig. 4-26 (d), confirms that the transformation twins in the 

lenticular martensite are the {112} system. Incidentally, the width of the midrib is also 

close to the width of the long narrow structure shown in Fig. 4-25. It is presumed that 

the long narrow structure, which represents newborn martensite (i.e. thin plate 

martensite), is the midrib. The midrib region (marked A) and the extended twins 

region (marked B) can be clearly identified in Fig. 4-26. It should be noted that the 

twins are bent slightly near the junction between the midrib and the extended twin. 

The details of this phenomenon will be discussed in relation to Fig. 4-27. 

  Figure 4-27 shows a particular example of two midribs co-existing in one 

lenticular martensite plate. The dark-field images presented in Fig. 4-27 (c) and Fig. 

4-27 (d) were obtained by using (200)t  and (101)m reflections, respectively. From 

the bright-field and dark-field images, it can be seen that the secondary midrib 

branched off from the primary midrib. The possible mechanism can be considered as 

follows. At the initial stage, thin plate martensite forms and another variant of thin 

plate joins together in a zigzag array. Afterwards, two thin plates transform to two 

lenticular plates and coalesce to form a larger lenticular plate. However, it should be 

noted that the TEM presents us with two-dimensional images of three-dimensional 

specimens, viewed in transmission. The interpretation of transmission images must be 

performed with caution because superimposed structures are not discernible. 

Additionally, a long narrow structure which contains numerous thin twins (as marked 
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D in Fig. 4-27 (a) and (c)) is similar to the midrib region (marked A in Fig. 4-27 (a) 

and (c)). The area marked A in Fig. 4-27 (a) and (c) is a midrib region, and the twins 

in it do not extend sideways. The widths of the long narrow structure (D) and the 

midrib (A) in Fig. 4-27 are almost 100 - 200nm, which is close to the width of the 

long narrow structure and midrib in Figs. 4-25 and 4-26. Therefore, it seems 

reasonable to conclude that the widest midrib region is about 100 - 200nm in AISI 

440C stainless steel. The midrib (A) and extended twin (B) regions can be clearly 

identified in Fig. 4-27. The bent twins that appeared near the midrib region, 

mentioned above, also appear in Fig. 4-27 (b). The bends appear at a region (marked 

by arrows) where the junction between the midrib and the extended twin. There is a 

disconnected characteristic between the midrib and extended twin. Thus, the 

formation of the disconnected junctions may result from two-stage growth; the midrib 

formed first, and then the twins of the midrib region extended sideways. The bend 

(disconnected junction) occurred due to the change of growing stages in the 

martensite transformation. This implies that the appearance of a bend is a transitional 

characteristic of the extension of twins.  

Additionally, the disconnected junctions between midrib and extended twins can 

also be observed in the thin plate martensite (Fig. 4-15), as mentioned before. A 

narrow band about 60 nm in width along the center of the plate can be identified as 

the midrib. This phenomenon is similar to the case in the Fig. 4-27 that after the 

formation of midrib, there is a particular period of stasis growth in the earliest stage of 

the martensitic transformation. Therefore, the disconnected junctions appear between 

the midrib and extended twins. A schematic illustration of the configuration of midrib 

and extended twins in a martensite platelet is shown in Fig. 4-28. 

In a recent study, Maki et al. observed the stress-induced growth behavior of thin 

plate martensite and proposed that the midrib in lenticular martensite is thin plate 
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martensite itself. Fig. 4-29 summarizes the stress-induced growth behavior of thin 

plate martensite by tensile deformation at various temperatures. They considered the 

thermally-transformed thin plate martensite grows keeping a thin plate shape when 

deformed at below 110 K and grows into a lenticular shape at above 160 K. Their 

suggestion can be observed in the Fig. 4-15 and Fig. 4-25 ~ Fig.4-27. The 

transformations of thin plate martensite and lenticular martensite are initiated at the 

same midrib region. During the growth, the former keeps a thin plate shape, whereas 

the latter grows into a lenticular shape. The disconnected junctions between midrib 

and extended twins have been considered to be evidence of two-stage growth behavior. 

Additionally, from our observations, we found that the long narrow structure is the 

midrib region, and that the morphology of the long narrow structure is very similar to 

that of a thin plate martensite. The midrib region (A) and extended twinned region (B) 

in our TEM micrographs correspond to thermally-transformed thin plate martensite 

(M1) and stress-induced growth (M2) regions in Maki's study, respectively. Therefore, 

our TEM results, obtained directly from specimens quenched in liquid nitrogen, may 

confirm Maki's proposition that the midrib is thin plate martensite itself.   

When transformation twins extend from the midrib region, the disconnection 

appears at the junctions between midrib and extended twins. High-resolution 

transmission electron microscopy (HRTEM) was performed to investigate the 

junction between the midrib and the extended twin. In the low magnification TEM in 

Figure 4-30 (a), the examined boundary is indicated by the marked rectangle. The 

corresponding HRTEM is presented in Figure 4-30 (b); the lattice image shows that 

the twin in the midrib has the same orientation as its neighboring extended twin. 

Therefore, a disconnection appears at the junction between the midrib and the 

extended twin, but the orientation of the midrib and the surrounding extended twinned 

regions does not change anything. We suppose that the midrib formed first, and then 
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the twins situated at the midrib region extended sideways with the same atom rows. 

 

4-4. Conclusions 

  From the present study, several important findings are summarized as follows:  

1. The results in our experiment indicate that although martensite grows with voice 

speed, it needs time to nucleate. The time of martensite nucleation in 440C 

stainless steel is about 5s, and martensites had grown completely after 12s.  

2. The Ms temperature in 440C stainless steel was measured to be -48˚C via a TA 

DSC. Thin plate martensite was seen in the DSC sample cooled to -55˚C, and 

lenticular martensite was seen in the DSC sample cooled to -150˚C. The results 

are not consistent with the general proposition that lenticular martensite forms at a 

higher temperature than thin plate martensite. 

3. The result obtained from the specimens subzero cooled at -196˚C for different 

holding times also indicates that thin plate martensite forms at the earliest stage of 

the transformation, and lenticular martensite occurs after prolonged holding. 

Therefore, the results provide strong evidence to suggest that thin-plate martensite 

can be transformed into lenticular martensite.  

4. Compared with the transformation twins in Fe-Ni alloys, the transformation twins 

in high-carbon steels are thicker, and their thickness and spacing are irregular. 

TEM morphology showed that the thicknesses of the twins increased with the 

extensions of the twins. The extended twins can not grow uniformly might 

possibly be due to the effect of the latent heat of transformation. In other words, 

the heat evolved from the twins which grew previously, interrupting the 

subsequent growth of adjacent twins starting from the midrib. 

5. A long narrow structure containing numerous twins, likely thin plate martensite, 

was observed near the previous martensite. This structure might be an early stage 
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product or a newborn martensite. TEM morphology reveals that the configuration 

of this structure is similar to that of the midrib region. Therefore, these 

observations may confirm Maki's proposition that the midrib is thin plate 

martensite itself. From our TEM micrographs, it seems reasonable to conclude 

that the width of midrib region is about 100 - 200nm in AISI 440C stainless steel. 

6. When transformation twins extend from the midrib region, the disconnection 

appears at the junctions between midrib and extended twins. This result suggests 

that after the midrib is formed, there is a particular period of stasis growth in the 

earliest stage of the martensitic transformation. That is the midrib formed first, 

and then the twins situated at the midrib region extended sideways and brought a 

disconnection.  

7. HRTEM was performed to investigate the junction between the midrib and the 

extended twin. The lattice image shows that the twin in the midrib has the same 

orientation as its neighboring extended twin. 

8. The results suggest that the transformations of thin plate martensite and lenticular 

martensite are initiated at the same midrib region. During the growth, the former 

keeps the lattice-invariant deformation mode of twinning, whereas the latter 

combines both twinning and slip modes. 
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Table 4-1. Chemical composition of AISI 440C stainless steel (wt.%) 

element Fe C Cr Mo Si Mn Ni P Cu Co Ai N S 
alloy bal. 1.04 17.4 0.45 0.38 0.4 0.4 0.026 0.05 0.04 0.02 0.029 0.009 

 

 

 

 

 

 

Table 4-2. Coordonate transformation matrix* for  [141]m  // [011]t  in Fig. 4-22 (d) 

0.6667 0.3333 0.6667

( )  0.3333 0.6667 0.6667

0.6667 0.6667 0.3333

B J A

− − 
 = − − 
  

’ 

where α1 is A basis and α2 is B basis. 

*The coordinate transformation matrix is denoted as: 
11 12 13

21 22 23

31 32 33

( )  

J J J

B J A J J J

J J J

 
 =  
  

. 

The components of vectors referred to the reciprocal A basis are transformed to those 

referred to the reciprocal B basis by the coordinate transformation matrix (B J A). The 

first column of (B J A) represents the components of the basis vector a1, with respect 

to the reciprocal B basis, and so on. a1, a2 and a3 are basis vectors of A, while b1, b2 

and b3 are basis vectors of B. The following vector equations illustrate the relationship 

between the basis vectors of A and those of B. a1 = J11b1 + J21b2 + J31b3; a2 = J12b1 + 

J22b2 + J32b3; a3 = J13b1 + J23b2 + J33b3.  
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Table 4-3. The 24 equivalent axis/angle pairs for twin relationship 

No. Axis Angle No. Axis Angle 

1 011 70.5˚ 13 101 109.5˚ 

2 121 180˚ 14 311 146.4˚ 

3 110 70.5˚ 15 113  146.4˚ 

4 111 180˚ 16 101  70.5˚ 

5 311  146.4˚ 17 021  131.8˚ 

6 113  146.4˚ 18 120  131.8˚ 

7 110  109.5˚ 19 131  146.4˚ 

8 111 60˚ 20 011 109.5˚ 

9 131  146.4˚ 21 111 60˚ 

10 112 180˚ 22 012  131.8˚ 

11 210  131.8˚ 23 201  131.8˚ 

12 102 131.8˚ 24 211 180˚ 
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Fig. 4-1.  Schematic representation showing the making procedure of original 

material. 

 

 

 

 

Fig. 4-2.  Schematic representation showing the subzero treatment of material. 
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Fig. 4-3. Optical metallographs showing the microstructures of the homogenized 

sample. The lump-shaped particles embedded in the austenite boundaries are M7C3 

carbide. The annealing twins (marked by arrows) were revealed when we etched 

specimen more heavily.   
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Fig. 4-4.  Phase diagram of the corresponding composition (17%Cr-iron-carbide). 
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Fig. 4-5. Scanning electron micrographs showing the microstructures of the 

homogenized sample. 
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Fig. 4-6. (a) TEM image showing the morphology of the M7C3 carbide. (b) Analysis 

of selected area diffraction patterns (SADP) for M7C3 carbide. Indexing of 

corresponding diffraction patterns at the right-hand side. 
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Fig. 4-7. (a) DSC curve for determining Ms temperature of the homogenized sample. 

(b) OM taken from the DSC sample cooled to -55˚C. (c) OM taken from the DSC 

sample cooled to -150˚C.
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           Fig. 4-8. X-ray diffraction analysis of the subzero-treated sample. 
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Fig. 4-9. Optical metallographs taken from the homogenized specimens subzero 

cooled at -196˚C for (a) 5 s, (b)8 s, (c) 10 s, (d)12 s, (e) 16 s, and (f) 30 min. 
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Fig. 4-10. Optical metallographs showing the microstructures of the subzero-treated 

sample. Thin plate and lenticular martensites co-existed in the specimen. 
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Fig. 4-11. Scanning electron micrographs showing the microstructures of the 

subzero-treated sample. 



 

 112 

 

 

 

 
 

Fig. 4-12. Scanning electron micrographs showing the microstructures of the 

subzero-treated sample. (a) shows the midrib region, and microcracking can be 

observed in (b). 
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Fig. 4-13. Scanning electron micrographs showing the microstructures of the 

subzero-treated sample. The small needle-shaped martensites (as marked by arrows) 

are thin plate martensites.  
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Fig. 4-14. Scanning electron micrographs showing the microstructures of the 

subzero-treated sample. The newborn needle-shaped martensite is visible in (a) and 

(b), as marked by arrows. Notably, the transformation twins were observed slightly in 

the early formed martensite (marked by double-arrows). 
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Fig. 4-15. (a) A TEM bright-field image of a thin plate martensite. (b) A 

corresponding dark-field image illuminated by using (110)t reflection. (c) A 

corresponding dark-field image illuminated by using ( 110 )m reflection. (d) The 

selected area diffraction pattern and the corresponding analysis.  
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Fig. 4-16. (a) and (b) A bright-field images of a thin plate martensite. The midrib 

region is not clear but the disconnected junctions (as indicated by arrows) occurred in 

the middle of the platelet can be observed. 
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Fig. 4-16. (c) The magnification of the disconnected junctions appeared in the middle 

of the platelet. (d) A corresponding dark-field image for twin crystal. (e) A 

corresponding dark-field image for matrix. (f) The selected area diffraction pattern 

and the corresponding analysis.  
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Fig. 4-17. (a) – (c) TEM images showing another example of a thin plate martensite. 

The )211(  transformation twins is not uniform in width, and no apparent mid-rib at 

the center region of the plate can be seen. (d) The selected area diffraction pattern and 

the corresponding analysis.   
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Fig. 4-18. (a) – (c) TEM images showing the substructures of a thin plate martensite. 

The )211(  transformation twins is not uniform in width, and no apparent mid-rib at 

the center region of the plate can be seen. (d) The selected area diffraction pattern and 

the corresponding analysis. 
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Fig. 4-19. (a) – (c) TEM images showing the substructures of lenticular martensite, 

the apparent mid-rib (marked by A) at the center region of the plate can be seen. (d) 

The selected area diffraction pattern and the corresponding analysis.  
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Fig. 4-20. (a) – (c) TEM images showing the substructures of a lenticular martensite; 

the twins are slight bent at the midrib region (as marked by A). (d) The selected area 

diffraction pattern and the corresponding analysis. 
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Fig. 4-21. (a) – (c) TEM images showing the substructures of a lenticular martensite; 

the twins are slight bent at the midrib region (as marked by A). (d) The selected area 

diffraction pattern and the corresponding analysis. 
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Fig. 4-22. (a) A bright field image of a lenticular martensite. The midrib region was 

marked by A, and the newborn martensite, marked D, was observed near the M/A 

interface. (b) A corresponding dark-field image for twin cryatal. (c) A corresponding 

dark-field image for matrix. (d) The selected area diffraction pattern and the 

corresponding analysis.  
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Fig. 4-22. (e) The stereographic projection corresponding to the diffraction pattern in 

(d) representing the twin orientation relationship.   
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Fig. 4-23. (a) – (c) TEM images showing the substructures of lenticular martensite. (d) 

The selected area diffraction pattern and the corresponding analysis. The high density 

twin region is not located in the central region and this phenomenon is due to the 

section effect (as illustrated in (e)). 
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Fig. 4-24. (a) – (d) TEM images showing the substructures of lenticular martensite. 

The substructures revealed in this martensite contain two configurations 

simultaneously: one with a characteristic midrib (marked A), and the other with no 

characteristic midrib (marked B). (e) The selected area diffraction pattern and the 

corresponding analysis. (f) The stereographic projection corresponding to the 

diffraction pattern in (e) representing the twin orientation relationship. 
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Fig. 4-25. (a) A TEM bright-field image of a lenticular martensite. (b) A 

corresponding TEM dark-field image for twin crystal. (c) A corresponding TEM 

dark-field image for matrix. Midrib, extended twinned region, untwinned region and 

long narrow structure are marked as A, B, C, and D, respectively. (d) The selected 

area diffraction pattern and the corresponding analysis.  
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Fig. 4-26. (a) A TEM bright-field image of a lenticular martensite. (b) A 

corresponding TEM dark-field image for twin crystal. (c) A corresponding TEM 

dark-field image for matrix. Midrib region and extended twinned region can be 

identified as marked A and B, respectively. The width of midrib region (A) is 

measured about 200nm. (d) The selected area diffraction pattern and the 

corresponding analysis.  
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Fig. 4-27. (a) A TEM bright-field image of a lenticular martensite. (b) A high 

magnification of (a). (c) A corresponding TEM dark-field image for twin crystal. (d) A 

corresponding TEM dark-field image for matrix. A bend (marked by arrows) has been 

observed at the junction between the midrib (marked by A) and extended twinned 

region (marked by B). A long narrow structure which contains numerous twins also 

appeared as marked D. (e) The selected area diffraction pattern and the corresponding 

analysis.  
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Fig. 4-28. The schematic illustration of the configuration for midrib and extended 

twins in martensite platelet. 

 

 

 

 

Fig. 4-29. Summary of the stress-induced growth behavior of thin plate martensite by 

tensile deformation at various temperatures in Fe-31Ni-10Co-3Ti (Ms = 83K). [152] 
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Fig. 4-30. HRTEM images showing the orientations between midrib and surrounding 

extended twins are the same. The junction, as indicated in the white marked rectangle 

in (a), can be recognized in the high-resolution (HR) micrograph (b). 
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Chapter Five 

The microstructure of tempered martensite 

 

5-1. Introduction 

    440C steel with high carbon (1 wt%) and high chromium (17 wt%) is used in 

applications where high hardness and wear resistance are required, e.g., axes, knives, 

hammers, and cutting tools. The martensite phase in 440C steel is very strong but 

brittle, so tempered treatment is needed to improve the toughness. In unstable 

martensite, the relatively high amount of supersaturated carbon creates a strong 

driving force for precipitation of carbides during tempering. The reaction of 

tempering may take various forms, depending on the initial as-quenched state, 

temperature, and chemical composition. Past studies have shown that the stable alloy 

carbides, such as chromium carbides (Fe(Cr)3C, Cr7C3, Cr23C6 ), are quite common in 

high-purity Fe-Cr-C alloys tempered at 450~700˚C. The dispersion of these stable 

alloy carbides may play an important role in the strengthening of steels.   

    Research has shown that alloy carbides can form by in-site nucleation at 

pre-existing cementite particles or by separate nucleation within the ferrite matrix or 

at grain boundaries and sub-boundaries. Although much literature about the alloy 

carbides formation in Fe-Cr-C steel is available, the microstructural changes in 

tempered lenticular martensite have not been examined in detail. The orientation 

relationships (ORs) between ferrite and precipitates in high Fe-Cr-C alloy have also 

received less attention. Therefore, the observations of morphologies related to the 

alloy carbides precipitated at different positions (e.g. midrib, extended twinned and 

untwinned regions) in lenticular martensite need to be made. The role that twin 

boundaries play in the carbide precipitation also needs to be examined. In this work, 
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the microstructures of precipitates in tempered martensites were observed by TEM. 

Furthermore, the orientation relationship (OR) between alloy carbides and martensite 

are also discussed in the present work.   

 

5-2. Experimental Procedure 

The experimental material used in this work was also AISI 440C stainless steel. 

The chemical composition of the steel is listed in Table 4-1. The specimens were 

machined into 3 mm diameter cylindrical rods, which were homogenized at 1200℃ 

for 3 days and cooled to room temperature. After that, the specimens were quenched 

in liquid nitrogen (-196˚C) for 30 min to obtain thin-plate and lenticular martensites. 

Finally, these as quenched specimens were tempered at 600˚C for 0.5, 1, and 2 hours. 

The process of heat treatment is presented in Fig. 5-1.  

A Vickers hardness machine was used to measure the hardnesses of the tempered 

martensite and surrounding austenite. The corresponding microstructures were 

examined by optical microscopy (OM) and transmission electron microscopy (TEM). 

Both specimens were cut from the heat-treated rods. The specimens for OM were 

mechanically polished and then etched in a mixture of 40 ml HCl, 25 ml ethanol, 30 

ml distilled water, and 5 g CuCl2. TEM samples were sliced from the rod specimens, 

thinned to 0.08mm by abrasion with SiC papers, and twin-jet electropolished using a 

mixture of 5% perchloric acid, 25% glycerol, and 70% ethanol at 5~10˚C with 35~40 

V polishing potential. The thin foils were then examined using a FEI Tecnal G2 TEM 

operated at 200KV.  

 

5-3. Results and Discussion 

5-3-1. Optical micrograph and hardness of tempered martensite  

The optical micrographs of 440C stainless steel tempered at 600˚C for 0.5, 1, and 
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2 hours are shown in Figure 5-2 to 5-4, respectively. In these figures, the tempered 

martensites appear black, but the subzero-treated martensites shown in Fig. 4-10 are 

white. The difference in contrast is due to the carbides precipitated in the martensite 

interior. After etching, the precipitation of carbides results in roughness in the 

martensite matrix, and the color of tempered martensite changes to black in OM. It 

should be noted that the morphology of the retained austenite shown in OM varies 

from flat to rough with the increase in tempering time. According to this observation, 

we may infer that some retained austenite has been transformed into newborn 

martensite. Because of the re-decomposition of carbonic content and alloy elements 

occurring in the tempering, the carbonic content in the retained austenite is reduced 

and causes a rise in Ms temperature. It is well known that lath martensite forms in the 

low carbonic content and high Ms temperature range. Therefore, we may say that the 

newborn martensites (i.e. fresh lath martensites) formed from the decomposed 

austenite area during the subsequent cooling of the tempering process. The formation 

of fresh lath martensites will be demonstrated in the following hardness measurement 

and TEM observations.  

    Figure 5-5 shows the average hardness values of martensite and surrounding 

austenite areas for subzero-treated and tempered specimens. As presented in Fig. 5-5, 

the hardness values for the martensite area decreased as tempering time increased; the 

hardness values change from 743.4 Hv in the subzero-treated specimen to 596.2 Hv, 

556.9 Hv and 479.4 Hv in the tempered specimens heated for 0.5, 1 and 2 hrs, 

respectively. On the other hand, the hardness values for the austenite area increased 

with tempering time. The hardness value of the austenite area in the subzero-treated 

specimen was 328.2 Hv. However, hardness values of the austenite area were 512 Hv, 

525.8 Hv, and 523.3 Hv in the tempered specimens heated for 0.5, 1 and 2 hrs, 

respectively. This result proves clearly that some retained austenite was transformed 
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into newborn martensites. That is, fresh lath martensites forms in the C- and Cr- 

depleted austenite areas during the cooling to room temperature.  

5-3-2. TEM observation in the tempered martensite 

5-3-2-1. Martensite tempered at 600℃℃℃℃ for 0.5 hr 

    The microstructure of martensite tempered at 600˚C for 0.5 hr was investigated 

by TEM. The tempered martensite presented in Figure 5-6 is thin plate martensite, 

with no apparent midrib at the center region of the plate. Carbides precipitated at 

twinned boundaries and martensite/austenite (M/A) boundaries. Because the 

boundaries and sub-boundaries have high entropy, alloy carbides easily precipitated at 

these positions to lower the energy brought by the precipitations. Figure 5-6 (c), (d) 

and (e) are dark field images for martensite matrix (α1), twins (α2), and carbides, 

respectively. These dark field images provide further indications that carbides 

precipitated along twinned boundaries, especially centralized at central region. Of 

note, the observation in the Fig. 5-6 (e) shows the carbides precipitated at M/A 

boundaries and twinned boundaries are the same. Analysis of diffraction patterns 

shows that these were M3C type carbides. This result is consistent with previous 

findings that M3C carbides form at the early stage of tempering. The diffraction 

pattern also indicates a zone axis of 
1 2 3M C[021]  // [021]  // [211]α α . From the 

information presented in the diffraction pattern, we obtained two stereographic 

projections, presented in Figures 5-6 (g) and (h). The stereographic projection (Fig. 

5-6 (g)) represents the orientation relationships for α1, α2 and M3C carbide. The 

orientation relationship (OR) between M3C carbide and ferrite is well-known, 

Bagaryatsky OR or Pitsch and Schrader OR, from previous reports. The Bagaryatsky 

OR between M3C carbide and ferrite is c(100)  // (111)α , c(010)  // (121)α  and 

c(001)  // (101)α . The Pitsch and Schrader OR between M3C carbide and ferrite is 
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c(100)  // (311)α , c(010)  // (131)α  and c(001)  // (215)α . Figure 5-6 (h) shows that the 

M3C carbide we observed was related to the ferrite by the Bagaryatsky OR. Therefore, 

in high carbonic steel, M3C carbide and ferrite obeyed the Bagaryatsky OR.  

    Figure 5-7 also presents the microstructure of tempered martensite after 

tempering at 600˚C for 0.5 hr. The martensite in Fig. 5-7 is thin plate martensite, so 

the midrib region is not obvious. Figures 5-7 (b), (c) and (d) are dark field images of 

martensite matrix (α1), twins (α2), and carbides, respectively. Figures 5-7 (c) and (d) 

reveal that carbides precipitated along the twinned boundaries. It is notable that partial 

carbides also precipitated along another direction, besides the direction of twinned 

boundaries, as indicated by the rectangle in Fig. 5-7 (d). The cause of another 

direction of precipitation may be the carbides nucleated on dislocations inherited from 

the martensitic matrix. The diffraction pattern (Fig. 5-7 (e)) shows that these carbides 

are also M3C type carbides, with a zone axis of 
1 2 3M C[101]  // [411]  // [201]α α . The zone 

axis of 
1 2

(101)  // (411)α α  indicates ferrite 1 (α1) and ferrite 2 (α2) are in a twinned 

relationship, as mentioned in the previous chapter. From the analysis of diffraction 

patterns (Fig. 5-7 (e)), it is clear that the orientation relationship between M3C carbide 

and ferrite was Bagaryatsky OR, as illustrated in the stereographic projection (Fig. 5-7 

(f)). Accordingly, the carbides that appear in martensite tempered at 600℃ for 0.5 hr 

are almost all M3C type carbides.    

5-3-2-2. Martensite tempered at 600℃℃℃℃ for 1 hr 

    The microstructural evolution in martensite region during tempering at 600˚C for 

1 hr was also investigated. Figure 5-8 presents the carbides located on twinned 

boundaries, and the diffraction pattern (Fig. 5-8 (e)) shows that these carbides are also 

M3C type carbides. A micrograph of a tempered martensite with an obvious midrib 

region is presented in Fig. 5-9. A full view of the tempered martensite (Fig. 5-9 (a)) 
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shows that carbides precipitated densely at the midrib and extended twin regions. 

Figure 5-9 (b) is a bright field image of a magnification of the midrib region; Fig. 5-9 

(c), (d) and (e) are dark field images of the same region for matrix (α1), twins (α2), and 

carbides, respectively. It should be noted that carbides also precipitated along another 

direction, besides the direction of the twinned boundaries, as shown in Fig. 5-9 (a) 

and (b). Diffraction patterns (Fig. 5-9 (f)) show that the carbides presented in the 

Figure 5-9 are M23C6 carbides. Compared with the tempered structures obtained from 

specimens tempered at 600℃ for 0.5 and 1 hour, M3C carbide was dominant after 

tempering for 0.5 hour, but M3C and M23C6 type carbides were coexistent after 

tempering for 1 hour. The diffraction pattern in Fig. 5-9 (f) indicates a zone axis of 

1 2 23 6M C[311]  // [113]  // [111]α α . The orientation relationship between α1, α2 and M23C6 

carbide can be obtained directly by plotting the orientations determined from a 

diffraction pattern on a stereographic projection (Fig. 5-9 (g)). The orientation 

relationship between ferrite 1 (α1) and ferrite 2 (α2) is a twinned relationship, and 

Kurdjumov-Sashs (K-S) OR was found between ferrite 1 (α1) and M23C6 carbide. The 

K-S OR between M23C6 carbide and ferrite is c(111)  // (110)α , c(011)  // (111)α  and 

c(211)  // (112)α . The stereographic projection (Fig. 5-9 (h)) shows that the OR 

between M23C6 carbide and ferrite 1 (α1) is near K-S OR. Of note is that the 

orientation relationship is slightly deviated from the K-S OR. This result is considered 

to be within the error tolerance of TEM diffraction. 

    Figure 5-10 (a) shows a completed appearance of the lenticular martensite was 

after tempering at 600˚C for 1 hr. Figure 5-10 (a) indicates that carbides precipitated 

primarily at twinned boundaries and martensite/austenite (M/A) boundaries. The dark 

field images of carbides (Fig.5-10 (b)) provide even clearer indications that a high 

density of carbide precipitations formed along the twinned boundaries, especially 
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centralized at the midrib region. Therefore, the microstructural observation reveals 

that the midrib region of the tempered martensite, containing a large number of 

twinned boundaries, is the preferential position for carbide precipitation. Figure 5-10 

(d), (e) and (f) are dark field images for martensite matrix (α1), twins (α2), and 

carbides, respectively. It should be noted that the image contrast for half of the 

martensite is dark, while that for the other half is bright, as presented in the dark 

images (Fig. 5-10 (d) - (e)). It seems quite probable that the interior martensite crystal 

was rotated slightly at midrib region. The reason for this slight rotation may be the 

stress release accompanying tempering. In other words, the midrib region, which 

contained a large number of twins, has a high concentration of stress. The tempering 

treatment resulted in the release of stress in the midrib region and caused the 

martensite crystal to rotate slightly. Figure 5-10 (g) is a magnification of a bright field 

image of a local midrib region. Figures 5-10 (h) and (i) are dark field images of the 

same region for matrix (α1) and twins (α2), respectively. As presented in Figs. 5-10 (h) 

and (i), the opposite contrast at both sides of the midrib indicates that the martensite 

crystals rotated slightly at the midrib region. The dark field images for the same 

region of twins and carbides are shown in Figs. 5-10 (j) and (k), respectively; the 

phenomenon of slight rotation at midrib region can be observed here, as well. The 

diffraction pattern in Fig. 5-10 (l) shows that the carbides in Figure 5-10 are also 

M23C6 type carbides. The stereographic projection in Fig. 5-10 (m) shows the 

orientation relationship between ferrite 1 (α1), ferrite 2 (α2), and M23C6 carbides. The 

OR between ferrite 1 and ferrite 2 is a twinned relationship, and the OR between 

ferrite 1 and M23C6 carbide is a close K-S OR.    

    It should be noted that M23C6 carbides were found to replace M3C carbides at the 

internal twin boundaries of the tempered martensite after tempering at 600˚C from 0.5 

hr to 1 hr. We suggest that the M3C→M23C6 transformation may be ‘in situ 
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transformation’; as M23C6 carbides grow, alloy elements are provided by the 

neighboring M3C carbides, resulting in the gradual disappearance of M3C carbides.  

    Figure 5-11 (a) shows a classic morphology, in which two martensite plates 

impact at the intersection. Previous studies have noted that the impingement between 

martensite plate and parent austenite boundary is a preferred nucleation site for new 

martensite, hence the plate martensites have a zigzag arrangement. Figure 5-11 (b) is a 

bright field image, and Figure 5-11 (c) a dark field image, of the carbides. Figure 5-11 

(c) shows that the carbides precipitated at midrib (as marked by A) and extended twin 

region (as marked by B) are the same kind of carbides. Diffraction pattern analysis 

(Fig. 5-11 (d)) indicates that the carbides in Figure 5-11 are also M23C6 type carbides. 

As in the magnification of the dark field image (Fig. 5-11 (f)), the M23C6 carbides at 

the midrib region are coarse and coalescent. 

Figure 5-12 (a) shows a TEM micrograph of the impingement between two 

martensites. As illustrated in Fig. 5-12 (a), the fine carbides embedded in the central 

midrib area and outside twins extended area are coarse and coalescent. Although the 

twins in the midrib and outside areas disappeared gradually after tempering, carbides 

still precipitated along the former twinned boundaries. However, the distributions of 

carbides were irregular, as presented in the left martensite plate; carbides precipitated 

along high-density thin twins in the midrib region are not obvious. In this condition, 

carbides were degenerated to coalescence and finally formed a straight line in the 

center region. Figures 5-13 (a) and (b) display the morphology of impingement 

between three martensites. In Fig. 5-13 (b), carbides that precipitated at the midrib 

region coarsened and coalesced to form a straight line at the center of the martensite 

plate. Figures 5-14 (a) - (d) also provide excellent TEM micrographs of the coarse 

carbides coalescing to form a straight line at the center area. It is worth noting that 

lath martensites can occasionally be found in the adjacent retained austenite area, as 
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marked by the L in Fig. 5-11 to Fig 5-14. These TEM observations provide strong 

evidence that the formation of lath martensites takes place in the C- and Cr-depleted 

austenite areas during cooling.   

5-3-2-3. Martensite tempered at 600℃℃℃℃ for 2 hr 

Figure 5-15 shows the microstructure of tempered martensite after tempering at 

600˚C for 2 hr. As presented in Fig. 5-15, after tempering for 2 hr, carbides are coarse 

and form rod-like shapes along previous twin boundaries. Of note, carbides grow 

along two variants (or directions), as presented in the dark field image (Fig. 5-15 (d)). 

Diffraction pattern analysis (Fig. 5-15 (e)) shows that the carbides presented in Figure 

5-15 are also M23C6 type carbides. Therefore, M23C6 type carbides can be regarded as 

the stable and final carbide in tempered high Fe-Cr-C alloy steel. Figure 5-16 to 

Figure 5-18 also reveal that M23C6 carbides coarsen and coalesce along former twin 

boundaries. The orientation relationship between M23C6 carbide and ferrite is also 

close to K-S OR, as presented in the stereographic projection (Fig. 5-16 (f)). 

Additionally, the substructures of lath martensites that formed in the C- and 

Cr-depleted austenite area during the subsequent cooling are presented in Fig. 5-19 

and Fig. 5-20. High-density dislocations were observed in the martensite lath interior. 

The individual martensite laths may be separated by low or high angle boundaries, or 

may be twin-related. The diffraction pattern (Fig. 5-20 (c)) reveals that the two 

martensite laths presented in Fig. 5-20 (a) have a twin orientation relationship.  

 

5-4. Conclusions 

    The microstructural changes, carbides dispersion, and crystallographic 

characteristics of carbides during tempering at 600˚C for 0.5, 1, and 2 hours in the 

high Fe-Cr-C martensites (i.e., thin plate and lenticular martensites) have been 

investigated, and the important findings are summarized as follows: 
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1. The TEM micrographs show carbides easily precipitated along twin boundaries 

during the tempering in the high Fe-Cr-C twin martensites. The midrib region of 

the martensite, containing a large amount of twinned boundaries, is the 

preferential position for carbide precipitation. 

2. The results of this work indicate that M3C type carbide was dominant after 

tempering at 600˚C for 0.5 hour, but M23C6 type carbide was dominant after 

tempering for 1 and 2 hours. It is possible that the M3C→M23C6 transformation is 

in the form of ‘in situ transformation’.  

3. Through analysis of electron diffraction patterns and stereographic projections, the 

Bagaryatsky OR has been found between M3C carbide and ferrite, and an 

approximate Kurdjumov-Sashs (K-S) OR has been observed between M23C6 

carbides and ferrite. 

4. The results of TEM observation reveal that the interior martensite crystal was 

rotated slightly in the midrib region after tempering. It is well known that the 

midrib region, which contains a large amount of twins, has a high concentration of 

stress. The reason for this slight rotation may be the stress released during 

tempering, which caused a slight rotation at the midrib region.  

5. Hardness measurement and TEM observations show that lath martensites can 

occasionally form in the adjacent retained austenite. The reason for this is that the 

diffusional decomposition of austenite causes austenite to become C- and 

Cr-depleted areas during the tempering. Hence, the formation of lath martensites 

takes place in the C- and Cr-depleted areas during the subsequent cooling. 
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Fig. 5-1. Schematic representation showing the heat treatment of material.
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Fig. 5-2. Optical metallographs showing the microstructures of the tempered sample 

heated at 600˚C for 0.5 hr. 
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Fig. 5-3. Optical metallographs showing the microstructures of the tempered sample 

heated at 600˚C for 1 hr.  
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Fig. 5-4. Optical metallographs showing the microstructures of the tempered sample 

heated at 600˚C for 2 hr.
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Fig. 5-6. (a) TEM images showing the microstructures of a tempered thin plate 

martensite from the specimen tempered at 600˚C for 0.5 hr.  
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Fig. 5-6. (b) A bright-field image of a tempered thin plate martensite. (c) – (e) The 

corresponding dark-field images for twin crystal, matrix and carbides, respectively. (f) 

The selected area diffraction pattern and the corresponding analysis.    
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Fig. 5-6. (g) The stereographic projection described from diffraction pattern in (f). (h) 

The stereographic projection showing the orientation relationship between matrix (α1), 

twin (α2) and M3C carbides.  
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Fig. 5-7. TEM images showing the microstructures of a tempered thin plate martensite 

from the specimen tempered at 600˚C for 0.5 hr. (a) A bright-field image of a 

tempered thin plate martensite. (b) – (d) The corresponding dark-field images for 

matrix, twin crystal and carbides, respectively.  
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Fig. 5-7. (e) The selected area diffraction pattern and the corresponding analysis. (f) 

The stereographic projection showing the orientation relationship between matrix (α1), 

twin (α2) and M3C carbides.  
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Fig. 5-8. TEM images showing the microstructures of a tempered thin plate martensite 

from the specimen tempered at 600˚C for 0.5 hr. (a) A bright-field image of a 

tempered thin plate martensite. (b) – (d) The corresponding dark-field images for 

matrix, twin crystal and carbides, respectively. (e) The selected area diffraction pattern 

and the corresponding analysis. 
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Fig. 5-9. (a) TEM images showing the microstructures of a tempered lenticular 

martensite from the specimen tempered at 600˚C for 1 hr.  
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Fig. 5-9. (b) A bright-field image of a tempered lenticular martensite; carbides 

precipitated along twined boundaries, especially centralized at midrib region. (c) – (e) 

The corresponding dark-field images for twin crystal, matrix and carbides, 

respectively. 
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Fig. 5-9 (f) The selected area diffraction pattern and the corresponding analysis. (g) 

The stereographic projection described from diffraction pattern in (f). (h) The 

stereographic projection showing the orientation relationship between matrix (α1), 

twin (α2) and M23C6 carbides. 
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Fig. 5-10. (a) TEM bright-field images showing the microstructures of a tempered 

lenticular martensite from the specimen tempered at 600˚C for 1 hr. 
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Fig. 5-10. (b) A corresponding TEM dark-field images for carbides; carbides 

precipitated along twined boundaries, especially centralized at midrib region.   
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Fig. 5-10. (c) A bright-field image of a tempered lenticular martensite. (d) – (f) The 

corresponding dark-field images for matrix, twin crystal and carbides, respectively. 
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Fig. 5-10. (g) A high magnification of midrib region. (h) – (i) The corresponding 

dark-field images for matrix and twin crystal, respectively. (j) A dark-field image for 

twin crystal. (k) The corresponding dark-field image for carbides. (l) The selected 

area diffraction pattern and the corresponding analysis. (m) The stereographic 

projection showing the orientation relationship between matrix (α1), twin (α2) and 

M23C6 carbides. 
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Fig. 5-11. (a) TEM bright-field images showing the microstructures of a tempered 

lenticular martensite from the specimen tempered at 600˚C for 1 hr. (b) A bright-field 

image showing the substructures of midrib and extended twinned regions. (c) A 

corresponding dark-field image for carbides. (d) The selected area diffraction pattern 

and the corresponding analysis. (e) – (f) The high magnifications of (b) and (c).  
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Fig. 5-12. (a) TEM images showing the microstructures of a tempered lenticular 

martensite from the specimen tempered at 600˚C for 1 hr. The lath martensites 

(marked by L) can be observed in the surrounding austenite area.  

L 
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Fig. 5-12 (b) TEM bright-field image showing two martensites impacted together. (c) 

The corresponding dark-field image for carbides.  
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Fig. 5-13 (a) TEM bright-field image showing three martensites impacted together. 

The lath martensites (marked by L) can be observed in the surrounding austenite area. 

L 
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Fig. 5-13 (b) TEM bright-field image showing three martensites impacted together. (c) 

A bright-field image showing rod-like carbides. (d) The corresponding dark-field 

image for carbides. 
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Fig. 5-14 (a) TEM bright-field image showing the microstructures of the two 

impacted lenticular martensites from the specimen tempered at 600˚C for 2 hr. The 

lath martensites (marked by L) can be observed in the surrounding austenite area.  

L 
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Fig. 5-14 (b) A bright-field image showing the carbides that precipitated at the midrib 

region coalesced to form a straight line at the center of the plate. (c) A corresponding 

dark-field image for matrix. (d) A corresponding dark-field image for carbides. 
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Fig. 5-15. (a) TEM images showing the microstructures of a tempered martensite 

from the specimen tempered at 600˚C for 2 hr. (b) A high magnification of bright-field 

image showing the coarse carbides precipitate along two directions. (c) A high 

magnification of dark-field image for matrix. (d) A high magnification of dark-field 

image for carbides. (e) The selected area diffraction pattern and the corresponding 

analysis. 
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Fig. 5-16. (a) TEM images showing the microstructures of a tempered martensite 

from the specimen tempered at 600˚C for 2 hr. (b) A high magnification of bright-field 

image showing the coarse carbides grow along former twin boundaries. (c) A high 

magnification of dark-field image for matrix. (d) A high magnification of dark-field 

image for carbides. (e) The selected area diffraction pattern and the corresponding 

analysis. (f) The stereographic projection showing the orientation relationship 

between ferrite matrix and M23C6 carbides closes K-S OR.  
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Fig. 5-17. (a) TEM images showing the microstructures of a tempered martensite 

from the specimen tempered at 600˚C for 2 hr. (b) A high magnification of bright-field 

image showing the coarse carbides grow along former twin boundaries. (c) A high 

magnification of dark-field image for matrix. (d) A high magnification of dark-field 

image for carbides. (e) The selected area diffraction pattern and the corresponding 

analysis. 
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Fig. 5-18. (a) TEM images showing the microstructures of a tempered martensite 

from the specimen tempered at 600˚C for 2 hr. (b) A high magnification of bright-field 

image showing the coarse carbides. (c) – (e) The corresponding dark-field images for 

twin crystal, matrix and carbides, respectively. (f) The selected area diffraction pattern 

and the corresponding analysis.  
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Fig. 5-19. (a) TEM images showing the microstructures of the lath martensite forming 

in specimen after the tempering at 600˚C for 1 hr and cooling to room temperature. (b) 

The selected area diffraction pattern and the corresponding analysis.  
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Fig. 5-20. (a) TEM images showing the microstructures of the lath martensite forming 
in specimen after the tempering at 600˚C for 1 hr and cooling to room temperature. (b) 

The corresponding dark-field image illuminated by using t(011)  reflection. (c) The 

selected area diffraction pattern showing twin related between lath martensites. 
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Chapter Six 

General conclusions 

1. Hardness measurement revealed that the average hardness of the twin boundary 

was only a little lower (about 5Hv) than that of the general grain boundary. The 

influence of annealing twin boundaries on strength cannot be neglected. Pande's 

experiential equation (N=Kt ln(D/D0)) is suitable for our experimental result that 

annealing twin density depends on the grain size. The material dependent value, 

Kt value, presented in our experiment for C2600 brass was measured as about 0.3. 

TEM micrographs indicated that slip lines, when encountering a twin boundary, 

can either penetrate the twin boundary by cross-slip or be obstructed, leaving 

ledges at the twin boundary. The observations of the ledges at twin boundaries 

provided evidence for dislocation dissociations, and this dissociated reaction 

contributes to twin boundaries maintaining strength and excellent ductility. 

2. The DSC experiment and the result of specimens subzero cooled at -196℃ for 

different holding times all indicated that the thin plate martensite formed first and 

lenticular martensite later. These results provide evidence that thin plate 

martensite can be transformed into lenticular martensite. Transmission electron 

microscopy revealed that a set of highly dense internal transformation {112} twins 

crossed throughout the interior in the thin plate martensite. TEM observations also 

revealed that lenticular martensite is composed of three subzones: a midrib region, 

an extended twinned region, and an untwinned region. The TEM observations 

suggest that the transformations of thin plate martensite and lenticular martensite 

are initiated at the same midrib region. During the growth, the former keeps the 

lattice-invariant deformation mode of twinning, whereas the latter combines both 

twinning and slip modes.  
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3. After tempering, carbides easily precipitated along twinned boundaries, especially 

centralized at the midrib region. TEM results indicated that M3C type carbide was 

dominant after tempering at 600˚C for 0.5 hour, but M23C6 type carbides were 

dominant after tempering for 1 and 2 hours. The Bagaryatsky orientation 

relationship was found to describe the OR between M3C carbide and ferrite, and 

an approximate Kurdjumov-Sashs orientation relationship to describe the OR 

between M23C6 carbide and ferrite matrix. TEM observation showed that the 

interior martensite crystal rotated slightly at the midrib region. The reason for this 

phenomenon is the stress release after tempering. In addition, lath martensite can 

occasionally be found in the retained austenite area. The possible reason for this is 

that the decomposed austenite became C- and Cr-depleted areas during tempering, 

causing the formation of lath martensite in the subsequent cooling.  
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Future Work 

 
Based on the precious studies, several valuable areas for further study can be 

listed as follows: 

 

1. Field emission gun transmission electron microscopy (FEG-TEM) to provide 

high-resolution images of the morphologies of dislocations encountering twin 

interfaces. 

2. Determination of the orientation relationship between the martensite and austenite 

crystals, and definition of the orientation of the midrib trace in the austenite (fcc) 

crystal. 

3. Field emission gun transmission electron microscopy (FEG-TEM) to provide 

high-resolution images of lattices across the midrib region in the tempered 

lenticular martensite.   

4. Determination of the transition carbides in the early stage of tempering using 

TEM, and examination of the types and the orientation relationships of transition 

carbides and ferrite.  

5. Deformation via rolling or impact test at low temperature on AISI 440C stainless 

steel to form stress-induced martensite and compare its substructures with 

thermally-transformed martensite.  
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